





MICROSTRUCTURE CHARACTERISATION AND CREEP 




A thesis submitted to the University of Birmingham for the degree of 
DOCTOR OF PHILOSOPHY 
 
 
School of Metallurgy and Materials 
















This unpublished thesis/dissertation is copyright of the author and/or third 
parties. The intellectual property rights of the author or third parties in respect 
of this work are as defined by The Copyright Designs and Patents Act 1988 or 
as modified by any successor legislation.   
 
Any use made of information contained in this thesis/dissertation must be in 
accordance with that legislation and must be properly acknowledged.  Further 
distribution or reproduction in any format is prohibited without the permission 








This research was carried out by Minshi Wang in School of Metallurgy and Materials, University of 
Birmingham (from September 2012 to September 2016), under the supervision of Dr YuLung Chiu 
and Prof Ian Jones. 
 
The present work is original and no part of the work has been submitted for another degree at any 
other university. Wherever other researchers’ work has been drawn or cited, it is acknowledged in the 
text and the references are listed. 
 
Parts of the work has been published as follows: 
 
1. M. Wang, Y. Chiu, I. Jones, N. Rowlands, J. Holland, Z. Zhang, and D. Flahaut, 
Microstructural  characterisation and microanalysis of creep resistant steels. Journal of 











   
  Steam reforming is responsible for 50 % of the world’s hydrogen production. The efficiency of steam 
reforming depends strongly on the creep resistance of the material used for the reformer tubes. The 
currently most widely used reformer tube material is HP40 (25 Cr, 35Ni, 40 Fe and 0.4C) austenitic 
stainless steel. A further improvement in the creep resistance of HP40 is needed for efficiency 
improvement and for a cost reduction in steam reforming. In order to develop a next generation creep 
resistant alloy, three HP40-based alloys, namely Alloy A, B and C, with different chemical 
compositions and/or solidification rate were studied. Previous tests at 1000 oC and 40 MPa have 
shown that the creep properties of Alloy C are slightly better than those of Alloy B, both being 
significantly better than Alloy A. Their microstructures have been analysed so as to understand their 
relative creep performance.  
  Two types of intergranular precipitate are observed in as-cast Alloy A (typical HP40 steel): primary 
Cr-carbide (M7C3) and primary Nb-carbide (MC), which formed a fragmented network after 
solidification. After creep, the primary Cr-carbides transformed from M7C3 to M23C6. The secondary 
precipitation of M23C6 and of finely sized NbN were also observed in the matrix. By comparing crept 
Alloy A and heat treated Alloy A, stress was shown to enhance the coarsening of precipitates by 
accelerating the solid state diffusion (distortion of the crystal symmetry and reduction of diffusion 
activation energy) and providing easier diffusion paths (increase of dislocation density). 
  Alloy B has a slightly different chemical composition from Alloy A: the additions of W and Nb 
suppressed the formation of carbides by reducing free carbon in the matrix. The combined effects of 
Ti and W led to a slower coarsening behaviour of the secondary M23C6 during creep of Alloy B than 
that of Alloy A. The precipitate evolution in Alloy B was analysed via studying the samples heat 
treated from 1 to 150 hours at 1000 oC (service temperature). The area fractions of primary and 
secondary carbides, precipitate size and interspacing of secondary M23C6 in the heat treated samples 
were characterised quantitatively. The area fractions of primary Nb-carbide and secondary Cr-carbide 
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and the average size of secondary M23C6 increase continuously with the heat treatment time. The 
combination of M7C3 dissolution, M7C3→M23C6 transformation and M23C6 growth leads to a 
fluctuation in area fraction of the primary Cr-carbide within the first 20 hours of heat treatment, 
beyond with a continuous increase was observed. 
  Alloy C is in the same composition range as Alloy B, but was subjected to a higher solidification rate 
than Alloys A and B. A larger area fraction of primary Nb-carbide in as-cast Alloy C than in as-cast 
Alloy B was observed. Meanwhile, as-cast Alloy C contains less primary Cr-carbide. A higher 
coarsening rate of secondary M23C6 in the heat treated Alloy C (1~150 hours at 1000 oC) was 
observed. The transformation of primary Cr-carbide from M7C3 to M23C6 was analysed by EBSD and 
TEM and the results indicate that M23C6 nucleates at the interface between the matrix and the M7C3 
and then grows into the primary M7C3. 
  The small intragranular M23C6 may have contributed significantly to the smaller creep rate, and thus a 
longer creep life for Alloy B and Alloy C as compared with Alloy A. 
  A microstructure-based climb-glide bypass creep model, which has a quantitative relationship to the 
microstructural features obtained from experiments, was described to predict the creep behaviour of 
HP40. However, only the simulated creep curve with precipitate volume fraction of 45 % fits well 
compared with experimental creep curve before tertiary creep stage. With a decrease of precipitate 
size, the creep life in the simulated creep curves increases, which can be explained by the larger back 
stress obtained from smaller precipitate size. The current model has its limitations and needs 
modifications including microstructural definition, precipitation evolution and grain boundary 
cavitation during the tertiary creep stage. 
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Chapter 1 Introduction 
The use of non-renewable fossil fuels, which leads to a significant amount of carbon dioxide and 
volatile organic compound emissions, raises serious environmental concerns. There has therefore been 
an effort to diversify the energy supply. Hydrogen is considered the most attractive replacement for 
non-renewable fossil fuels since it can supply adequate energy without any carbon emission. 
Currently, steam reforming is responsible for 50 % of the world’s hydrogen production because of its 
high energy efficiency and low cost. The key point for the further development of steam reforming is 
whether the materials used for reformer tubes can satisfy better the specific requirements of steam 
reforming, especially high creep resistance.  
With continuous technological improvement throughout the last 70 years, a new family of austenitic 
stainless steels has been developed to fulfil the requirements of the steam reforming process. The 
currently dominant material used for steam reformer tubes is HP40, a centrifugally cast austenitic 
stainless steel containing (wt%) 25% Cr, 35% Ni, 40% Fe and 0.4% carbon, plus small amounts of 
other alloying elements.  
A further improvement on the creep resistance of HP40 is needed for a corresponding improvement 
in efficiency and for a further reduction in the cost of the steam reforming process. The material creep 
properties are strongly dependent on the microstructure and can be improved by microstructural 
modification, such as altering the grain size and the intergranular/intragranular precipitation. The 
microstructure of HP40 can be refined by minor chemical modifications of the present alloy and by 
changing the solidification rate during centrifugal casting.  
Doncasters Paralloy have supplied three HP40-based alloys, where chemical composition or 
solidification rate have been varied. Creep tests showed that Alloy B and C were significantly better 
than Alloy A, with Alloy C being slightly better than Alloy B. Their microstructures have been 




An overview of the work is shown schematically in Figure 1.1 and the outline of this PhD thesis is as 
follows: 
Chapter 2 presents the literature review and contains application overview of steam reforming, the 
requirements for materials in steam reformer tubes, the historical development of HP40, the effects of 
chemical composition and solidification rate on microstructure, the fundamentals of creep 
deformation, creep deformation mechanisms, strengthening mechanisms for creep resistance, the 
detailed creep behaviour of intragranular precipitation strengthened alloys and previous work on the 
creep behaviour of HP40. 
Chapter 3 summarizes the materials and experimental procedure used in this study. 
Chapter 4 characterises the microstructure of the as-cast Alloy A and after the creep test (crept Alloy 
A). The effect of stress on precipitation is also investigated by comparing crept Alloy A and heat 
treated Alloy A (HT-12). 
Chapter 5 presents the microstructures of as-cast Alloy B and crept Alloy B and compares these with 
those of Alloy A to investigate the effect of chemical composition. The precipitation evolution in 
Alloy B during service is analyzed using samples heat treated from 1 to 150 hours at 1000 oC. Then 
the better creep properties of Alloy B are explained. 
Chapter 6 describes the effect of solidification rate on microstructure by identifying the 
microstructural differences between Alloys B and C in as-cast, crept and heat treated conditions, 
respectively. The slight improvement of Alloy C creep resistance over Alloy B is hence explained. 
Chapter 7 A microstructure-based climb-glide bypass creep model is described and applied to three 
alloys to predict the creep behaviour of HP40. Limitations and potential modifications are outlined. 





















































































































































Chapter 2 Literature review 
2.1 Introduction 
 
  Hydrogen has been considered as the most attractive replacement of non-renewable fossil fuels. 
Steam reforming is currently responsible for 50 % of the world’s hydrogen production, due to its high 
energy efficiency and low cost (Section 2.2.1). The key point for further development of steam 
reforming is whether the materials used for reformer tubes can satisfy better the specific requirements 
of steam reforming, especially high creep resistance (Section 2.2.2). With continuous technological 
improvement throughout the last 70 years, a new family of austenitic stainless steels has been 
developed to fulfil the requirements for the steam reforming process. The currently dominant material 
used for steam reformer tubes is HP40, a centrifugally cast austenitic stainless steel with a chemical 
compositions of 25% Cr, 35% Ni, 40% Fe and 0.4% carbon, plus small contents of other alloy 
elements (Section 2.3.1).  However, the microstructure of HP40 is strongly dependent on the chemical 
composition of the material (Section 2.3.2) and the solidification rate during casting (Section 2.3.3). 
Since creep is the main deformation mechanism under the service conditions for steam reforming, its 
fundamentals are outlined (Section 2.4.1). For different stress and temperature ranges, the creep 
deformation mechanisms can be divided into diffusional creep and dislocation creep (Section 2.4.2). 
Meanwhile, the strengthening mechanisms for creep resistance need to be understood in order to 
achieve better creep properties (Section 2.4.3). The details of the creep mechanism in intragranular 
precipitation strengthened alloys are discussed (Section 2.4.4) since intragranular precipitates are the 
most effective way to improve creep properties. The creep behaviour of HP40 from references and as 





2.2 High temperature resistance austenitic stainless steel in 
steam reforming 
2.2.1 Application overview of steam reforming 
The usage of non-renewable fossil fuels, which leads to a significant amount of carbon dioxide and 
volatile organic compound emissions, raises serious environmental concerns. 
  To deal with this issue, there has been an effort to diversify the energy supply, particularly for the 
transportation sector [1]. A range of replacements to fossil fuels exists, such as ethanol, biodiesel, 
gasoline, natural gas and hydrogen. Among the various options, hydrogen, which is an important 
chemical feedstock in the petrochemical industry, has become the most attractive alternative fuel since 
it can supply adequate energy without any carbon emission [1-3]. The potential demand of hydrogen is 
likely to increase sharply in the future due to breakthroughs in fuel cell technology since the late 
1990s. However, the major disadvantage is that hydrogen is not a primary source and must be 
produced from fossil hydrocarbons or water. Therefore, the energy efficiency and cost of hydrogen 
production will be the dominant factors for controlling commercial exploitation. 
  Currently, the annual production of hydrogen is 55 million tons with consumption increasing by 
approximately 6 % per year [4]. The main methods of producing hydrogen are based on steam 
methane reforming [5-7], partial oxidation [8], coal gasification [9] or water electrolysis [10]. Table 1 
lists a summary of the energy efficiencies and costs of hydrogen production via several methods. High 
efficiency and low cost (Table 2.1) make steam reforming the dominant hydrogen production method, 
now responsible for 50 % of the world’s hydrogen production (Figure 2.1) [4]. However, the cost of 
hydrogen production via steam reforming remains higher than for fuel fossil production, indicating a 
need for improvement in efficiency and for reduction in cost. Meanwhile, the performance of the 
steam reforming process depends strongly on the properties of the material used for the structural 
components in the system. Therefore, the key point for further developments of steam reforming is 





Table 2.1 List of hydrogen production technologies and costs [9] 
Materials Energy efficiency Hydrogen selling price ($ / kg) 
Steam methane reforming 83 % 0.75 
Partial oxidation 70 – 80 % 0.98 
Coal gasification 63 % 0.92 






















2.2.2 Requirements for materials in steam reformer tubes 
  Figure 2.2 illustrates a schematic layout of a steam reforming furnace. Depending on the 
amount of H2 and/or CO required by a chemical or petrochemical process downstream other 
reforming technologies do exist. Basically, three types of SMR (steam methane reformers) 
technologies can be identified according to the heating burner system: side-fired, top-fired and 
bottom-fired furnace types. Usually, the first two technologies are used for large scale syngas 
consumption [11]. For instance, in the case of [12] the SMR furnace has 400 tubes disposed in 
eight rows of 50 catalytic tubes each with top-fired natural gas burners 
   
Figure 2.2 Schematic layout of steam reforming furnace [13] 
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  The feed gas consisting of hydrocarbons (mainly natural gas), vapours and steam enters at the 
top end and flows down over the catalyst in individual tubes. The main steam methane reforming 
primary gas reaction is [14] 
CH4 +H2O  CO + 3H2   ∆H = 251 MJ / kmol    (1) 
The secondary reaction is [14] 
CO + H2O  CO2 + H2   ∆H = -41.2MJ / kmol (2) 
   
 
Typical steam reforming reactions taking place over nickel catalysts (the most widely used 
catalysts for large scale industrial reformers are Al2O3-supported nickel [7, 9, 15]) are 
performed at high temperatures (750 ~ 1150 oC) and high pressure (5~40 MPa) due to the 
endothermic nature of the reaction breaking the strong C-H bond.  
 
  Based on these exacting service conditions involving high temperature and high pressure, 
creep becomes the main deformation mechanism and creep resistance is the major property 
required for the material for reformer tubes. Meanwhile, the large amount of hydrocarbons in 
the feed gas, combined with the relatively high temperature in the tubes , leads to a loss of 
material due to oxidation and/or carburisation. Since the heat generated from the burning of 
methane is transferred to the reformer tubes through radiation, the tube material needs to have a 






  Beside the above physical requirements, for commercial hydrogen production, a competitive 
production cost is another main concern. Any unscheduled shutdowns due to component failure 
result in a serious reduction in profitability. Therefore, the average lifetime of reformer tubes is 
designed as approximately 100000 hours (11 years) [16], although reformer tubes still need to 
be taken offline every 2 ~ 3 years for catalyst replacement and system maintenance . The 
lifetime and thus cost of the reformer tubes are principally affected by the material’s creep 
resistance.  
 
  For example, from the point of view of maintaining the wall thickness, a 5 % increase in creep 
strength will result in a 23 % improvement of reformer tubes’ lifetime [17]. Alternatively, for 
the same designed lifetime, a 5 % increase of creep strength will lead to a 6.5 % reduction in 
wall thickness; every 1 % reduction in wall thickness can save 4~6 % of the metal cost [17]. 
One more advantage of a smaller wall thickness is to decrease the temperature gradient through 
the tube wall caused by catalyst exhaustion or start-up/shut-down of the system, leading in turn 







  In summary, the materials used for steam reformer tubes must satisfy the following 
requirements, both physical and economic: 
 High creep resistance 
 Oxidation and carburisation resistance  
 High thermal conductivity 
 Lifetime expectancy of 100000 hours 
 Competitive production cost 
  With continuous technological improvement throughout the whole 20 th century, a new family 
of austenitic stainless steel has been developed to fulfil the above requirements for the steam 
reforming process. The most modern material used for steam reformer tubes is HP40, a 
centrifugally cast austenitic stainless steel with a chemical composition  of 25 % Cr, 35 % Ni, 40 








2.3 HP40 austenitic stainless steel 
2.3.1 Historical development of HP40 
  The choice of material for reformer tubes has become a key factor for the hydrogen product ion 
industry over the last 70 years. When the earliest commercial steam methane reformers were 
installed during World War II [18], steel, which is now still the most common material for 
industry due to its high strength and low cost, appeared to be the primary choice for reformer 
tubes.  
  However, as mentioned in 2.2, the high temperature gas feeding into reformer tubes contains a 
large proportion of hydrocarbons, mainly natural gas. Therefore, steel must have good oxidation 
and carburisation resistance requiring the addition of chromium, which can form a stable oxide 
layer on the surface. Figure 2.3 shows the importance of chromium in reducing oxidation. The 
oxidation at 1000 oC can be reduced to a very low value if 20 percent or more chromium is present. 
This content of chromium makes steel into stainless steel.  
 






Table 2.2 Mechanical properties of selected stainless steels at room temperature [20] 
Stainless steel grades Tensile strength / MPa Yield strength / MPa 
Austenitic 
stainless steel 
201 760 380 
310 620 310 
347 655 275 
Ferritic stainless 
steel 
405 483 276 
430 517 310 
442 607 462 
Martensitic 
stainless steel 
410 1085 1005 
431 860 655 
440 760 450 






  Based on the structure of the matrix, stainless steel can be divided into three main types: 
austenitic, ferritic and martensitic. These are controlled by alloying and cooling rate. Table 2.2 
lists the tensile strengths and yield strengths of several typical stainless steels at room 
temperature, indicating that the martensitic stainless steels are the strongest. However, when the 
temperature reaches 750 ~ 1150 oC for the steam reforming reaction, the strength of martensitic 
stainless steel decreases rapidly with increasing temperature while ferritic stainless steel shows 
the poorest mechanical properties over the whole temperature range (Figure 2.4). For austenitic 
stainless steel, the large additions of nickel, which acts as an austenite stabilizer, provide not 
only higher strengths than ferritic stainless steels but also a remarkable stability compared with 
martensitic stainless steels. Therefore, austenitic stainless steel turns out to be the most suitable 
material for reformer tubes due to its relatively high strength and outstanding stability at high 
temperatures. 
 
Figure 2.4 Tensile strength of various types of steels as a function of temperature [21] 
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  Besides the steel type, the method of manufacture is the next most important influence on 
material properties. Wrought and cast, two mature steelmaking technologies, are potential 
choices for the production of steel used in steam reforming. The wrought product is more 
consistent in terms of structure, being free from defects such as porosity which are prone to be 
found on the surfaces of cast steels [22]. Meanwhile, the wrought tube is more ductile than the 
cast one due to its finer grains. Therefore, the first reformer tubes were made of Type 310 
stainless steel, which contains 25 % Cr and 20 % Ni. However, with development of centrifugal 
casting, which can lead to a cost reduction, and the introduction of surface machining which can 
remove porosity, the original Type 310 stainless steel reformer tubes were replaced by HK40 
tubes [18]. HK40 is a kind of austenitic stainless steel specially designed for centrifugal casting; 
it has a similar chemical concentration to Type 310, i.e. 25 % Cr and 20 % Ni. However, the 
carbon content is the main metallurgical difference between cast and wrought material of 
equivalent alloy content. Figure 2.5 illustrates the tensile rupture stress of Type 310 and HK40 
at various temperatures, indicating that HK40 exhibits a strength twice that of the wrought 310. 
The higher strength of HK40 at elevated temperature makes it more capable of being heat -
resistant. Other advantages of centrifugal casting are accurate wall thickness via control of the 
amount of molten metal, and a lower cost for production and fabrication than for wrought tubes.    
However, at the beginning, HK40 was not the only potential choice for reformer tubes: there 
was competition from other grades of centrifugally cast austenitic stainless steels, such as HU50 
(18 % Cr-37 % Ni). HK40 finally won the competition due to its relatively higher strength at 
service temperature (Figure 2.5) and lower cost because of smaller Ni content. Around the 





Figure 2.5 Rupture stresses for wrought Type 310, cast HK40 and cast HU50 at various temperatures 
[18, 23] 
  Since then, extensive work has been aimed at optimising the structure and high-temperature 
mechanical properties of HK40 based-alloys. In the 1970s, niobium was added to HK40 to 
improve its high-temperature properties, and this trend was followed by adding Ti and Zr. Hou 
and Honeycombe [24] compared the creep-rupture strengths of HK40, IN519 (24 % Cr-24 % 
Ni+1.6 % Nb) and IN519TZ (24 % Cr-24 % Ni+1.6 % Nb+Ti&Zr). From Figure 2.6, the 
addition of Nb provides a 20 % increase in strength via fragmenting the primary carbide 
network and delaying the coarsening of the secondary precipitates. However, the content of Nb 
is still maintained around 1 % for two reasons. Firstly, too much niobium will lead to the 
formation of unstable nickel-niobium silicide between 700 and 1000 oC, which is detrimental to 




Figure 2.6 Rupture stresses for HK40, IN519 and IN519TZ [24] 
 
Figure 2.7 Conversion of methane in steam reforming as a function of temperature for different 
pressure levels [25] 
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  Although it served without any failures for many years - especially with Nb addition - HK40 
reached its limit around 1960s when higher service temperatures were required. From Figure 
2.7, under elevated pressure, the conversion of methane in steam reforming will increase with 
temperature. Therefore, the tubes for new generation steam reforming furnaces are designed to 
operate at 1150 oC or above to improve efficiency. At this temperature, HK40 is inadequate in 
terms of oxidation and carburization resistance. To solve this problem, a higher content of 
nickel is needed because the addition of nickel results in a significant reduction in the oxidation 
rate (Figure 2.8). Meanwhile, a higher nickel concentration will further stabilize the austenitic 
matrix. Based on these reasons, a new grade austenitic stainless steel, HP40, which contains 25 
% Cr and 35 % Ni, was introduced into the steam reforming industry in the early 1960s.   
 





  From Figure 2.9, the rupture strength of HP-40 is only slightly better than that of HK-40. To 
improve the high temperature properties, in the 1970s, niobium was also added to HP40 steels , 
leading to the formation of HP40-Nb. Based on the same reasons as for HK40, the Nb in HP40 
is again limited to around 1 %. However, HP40-Nb does not appear to be as strong as expected, 
for example by extrapolation from IN519 steel. This led to the addition of other alloying 
elements to HP40-Nb, such as Ti, Zr, W and rare earth elements. With improvements in alloying 
procedures, a new micro-alloyed grade of HP40 was developed: HP40-Nb-Micro. HP40-Nb-
Micro shows the highest creep strength among this steel group and has now become the 
dominant material for reformer tubes. 
 
Figure 2.9 Rupture stresses for wrought HK40 and HP40 series steels at various temperatures [23] 
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  With further requirements from the steam reforming process, the research to improve steam 
reformer tubes material has been progressing for 70 years and will no doubt keep moving 
forward (Figure 2.10). Therefore, the effect of chemical composition on the microstructure of 
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2.3.2 Effect of chemical composition on microstructure 
  The elements in austenitic stainless steels can be divided into two parts: first, the basic elements Cr 
and Ni make the steel retain an austenitic structure at room temperature and improve oxidation and 
carburization resistance at elevated temperature; second, alloying elements, either interstitial such as 
carbon and nitrogen, or substitutional such as Mn, Nb, Ti, Si, Mo and W, are used to tailor the required 
microstructure. 
 
(1) Basic elements in stainless steels (Cr-Ni) 
1) Chromium (Cr) 
 
  The addition of chromium greatly improves the corrosion resistance of the steel by forming a very 
thin stable oxide film (Figure 2.11) on the surface. Chromium is also a ‘ferrite stabiliser’ and restricts 
the γ-loop [22]; thus Fe-Cr stainless steels have a ferritic structure, or possibly martensitic depending 
on the cooling process. However, when chromium is added to a steel containing nickel, it retards the 
kinetics of the austenite to ferrite transformation, thus making it easier to retain austenite at room 
temperature. The third effect of chromium is to introduce Cr-precipitates to the microstructure. The 
crystal structures and compositions of the main precipitates in austenitic stainless steels are listed in 
Table 2.3. Among these precipitates, M23C6 is the most significant carbide formed in HP40, primary 
M23C6 intergranularly nucleated along grain boundary [26-30] and secondary M23C6 intragranularly 
nucleated on defects, such as dislocation [31] and twinning [32]. However, the rapid cooling during 
production will leave M7C3 at room temperature. While reheating within service, M7C3 can transform 











Figure 2.12 (a) BSE image of primary carbide [37] and (b) TEM bright field image of secondary 









Table 2.3 Structure and compositions of main precipitates in austenitic stainless steels 
Precipitates Structure Lattice parameter / nm Composition 
M23C6 [38] fcc a = 1.06 (Cr, Fe, Ni)23C6 
M7C3 [39] Orthorhombic a = 0.45, b = 0.70, c = 1.21 (Cr, Fe, Ni)7C3 
NbC [40] fcc a = 0.45 NbC 
NbN [40] fcc a = 0.44 NbN 
Z-phase [41] Tetragonal a = 0.30, c = 0.74 CrNbN 
Cr2N [42] hcp a = 0.48, c = 0.44 Cr2N 
G-phase [43] fcc a = 1.12 Ni16Nb6Si7 
 
 
2) Nickel (Ni) 
  Nickel is added to Fe-Cr stainless steel for austenite stabilization. The equilibrium phases depend on 
the proportion of the three elements (Fe-Cr-Ni), as illustrated in Figure 2.13, an isothermal section of 
the ternary diagram for Fe-Cr-Ni at 1000 oC. The most convenient way of representing the effect of Ni 
and Cr on the basic structure of stainless steel is the Schaeffler diagram. It plots the compositional 
limits at room temperature of austenite, ferrite and martensite in terms of nickel and chromium 
equivalents. In Figure 2.14, with 25 % Cr, the austenite persists to room temperature until nickel 




Figure 2.13 1000 oC isotherm of Fe-Cr-Ni system [44]
 





(2) Minor alloying elements: 
 
1) Carbon (C): 
 
  Carbon is one of the few elements known since antiquity. The addition of carbon to iron is sufficient 
to form a steel, which was a fact known to smiths over 2500 years ago since iron heated in a charcoal 
fire can readily absorb carbon by solid-state diffusion [22]. Carbon has a strong influence on the 
microstructure of steel. Firstly, carbon, with its small atomic size relative to that of iron, can enter the 
iron lattice and act as an interstitial solute element which influences the lattice parameter of the 
austenite (Figure 2.15). Thus, strain is introduced into the lattice leading to solid-solution 
strengthening. As illustrated in Figure 2.16, the interstitial solutes carbon and nitrogen have the 
greatest solid-solution strengthening effects, followed by the ferrite-forming substitutional solutes, 
while the austenite-forming substitutional solutes have very little solid-solution strengthening effect. 
 
  Secondarily, carbon is a strong γ-former and enhances the formation of austenite (Figure 2.17). The 
addition of carbon to the binary alloy extends the γ-loop to higher chromium contents. Last but most 
importantly, when the concentration of carbon is above the solubility limit in iron at elevated 
temperature, carbide precipitation will follow in the presence of Cr, Nb or Ti. For example, as shown 
in Figure 2.18, for a Fe-18Cr-8Ni steel, cooling from 1000 oC will lead to the emission of excess 




Figure 2.15 The lattice parameter of austenite as a function of the carbon concentration [46] 
 
 












2) Nitrogen (N) 
 
  Nitrogen is also a strong austenite stabilizer and has a high solubility in the austenite. Nitrogen can 
have a much greater strengthening effect than carbon (Figure 2.16). According to Lai [49] only a small 
amount of nitrogen is found replacing carbon in M23C6 to form M23(C, N)6. Furthermore, the presence 
of nitrogen is known to delay the rate of coalescence of M23C6 carbide in austenitic steels for two 
reasons: firstly, nitrogen is believed to lower the diffusivity of chromium and carbon in the matrix; 
secondarily, Matsuo et al. [50] proposed that nitrogen decreases the mismatch between M23C6 and the 
austenite, which reduces the interfacial energy and therefore inhibits coarsening. In the presence of 
stronger carbide formers, such as Nb or Ti, nitrides NbN or TiN are precipitated at high temperatures. 
However, with a relatively high level of nitrogen, complex nitrides can form in austenitic stainless 




Figure 2.19 TEM bright field image of (a) Z-phase in AISI 316 LN+Nb steel [52]; (b) Cr2N in AISI 






3) Manganese (Mn) 
 
  Manganese has been introduced to austenitic stainless steels as a substitute for nickel for economic 
reasons. The nickel content can be halved to 4 wt% by the addition of 2-6 wt% Mn in 18-8 steel [55]. 
However, although the austenitic structure is achieved, such steels do not exhibit the same corrosion 
resistance as an 18-8 steel due to the relatively lower stability of the Mn-oxide film on the surface 
compared with Cr-oxide. Meanwhile, manganese is also used to increase the solubility of nitrogen in 
austenite to improve the solid solution strengthening. On the other hand, the addition of Mn can lead 
to the formation of MnS inclusions (Figure 2.20), which are detrimental to the mechanical properties 
of the steel.  
 
 
Figure 2.20 MnS particles in HP40 (a) general view, (b) enlargement of area circled in (a) and (c) EDS 






4) Niobium (Nb) and titanium (Ti) 
  In the 1970s, niobium and titanium were added to HP alloys to improve their high-temperature 
properties. Niobium carbide (NbC) and titanium carbide (TiC) form at relatively high temperature and 
are much more stable than chromium carbide at service temperature [57]. The formation of NbC and 
TiC will lead to a significant reduction in the matrix carbon level [58, 59] and thus delay the 
coarsening of the secondary precipitates, such as M23C6. Meanwhile, since Nb has a greater affinity for 
carbon than does Cr, replacement of the Cr-carbide formation and fragmentation of the primary 
carbide network are expected as the Nb concentration increases (Figure 2.21). Furthermore, low 
matrix carbon concentration due to additions of Nb and Ti will. However, as shown in Figure 2.22, 
Soares [60] found that niobium carbide (NbC) in the HP40 steel was unstable after aging at 900˚C for 
1000h. The NbC can transform into G phase (Ni16Nb6Si7), a nickel-niobium silicide which was first 
found by Beattie and Versnyder [43] in 1956. Although G phase does not appear to be intrinsically 
detrimental to the mechanical properties of the steel and contributes to good performance during long-
term service [61], the conversion of NbC into G phase causes volume expansion and thus facilitates 
crack nucleation [62]. A small addition of titanium inhibits the (NbTi)C transformation to G-phase 
since the G-phase does not dissolve Ti, which is supported by the observation of individual TiC 
particles in G-phase (Figure 2.23).  
 
Figure 2.21 As-cast microstructures of (a) basic HP steel (b) HP steel modified with 1.97% Nb 





Figure 2.22 Time-temperature-precipitation curves for HP40 (1.97% Nb) showing the stability range 
for G phase [60] 
 
Figure 2.23 TEM bright field image of HP40-NbTi alloy. Individual TiC particles can be observed in 




5) Silicon (Si) 
 
  Silicon can strength the material by solid solution. Although a silicon-oxide film (Figure 2.24) below 
the (Cr, Mn)-oxide film on the metal surface can improve the carburization resistance, the silicon in 
modified HP-steels is generally reported as 1.8 wt% to avoid the formation of ferrite phase and to 




Figure 2.24 SEM elemental distribution map (a) electron image (b) chromium (c) manganese (d) 






6) Molybdenum (Mo) and tungsten (W): 
 
  W refines the austenite grains and accelerates the carbide transformation from M7C3 to M23C6, as 
demonstrated by Yan [62]. In addition, W, a strong carbide former, can take away some free carbon 
atoms, reducing the amount of carbon dissolved in the austenitic grains (c.f. Table 2.4), and thus 
inhibit carbide precipitation during aging at 900 ˚C. Molybdenum will accelerate the precipitation of 
M23C6 in austenitic stainless steel since molybdenum has the effect of reducing the solubility of carbon 
in austenite [66]. Meanwhile, W and Mo have a relatively high solid strengthening effect on stainless 
steels (Figure 2.16)  
 
 




Sample 1 Sample 2  Sample 3 
Amount of W 0.00 0.92 2.13 
Amount of C in the matrix 0.288 0.251 0.187 
 
 





2.3.3 Effect of solidification rate on microstructure 
  Currently, the dominant production technology for HP40 tubes is centrifugal casting. 
Centrifugal casting is used to produce cylindrical or hollow products, such as tubes and tanks. 
As illustrated in Figure 2.25, for a centrifugal casting process, molten steel is poured into an 
open-ended, water-cooled mould. Via rotation spinning at 300-3000 rpm, the centrifugal force, 
which can result in an acceleration of 100 times gravity [67], is in effect liquid forging or 
pressure casting so that molten metal is forced against the mould wall under relatively high 
pressure.  
  For horizontal centrifugal casting, the technological parameters influencing final product 
properties involve mould material, mould rotation speed, casting temperature, chemical 
composition and casting dimension. 
 
 






  Among these parameters, mould material and mould rotation speed are the most important since they 
have a significant influence on the solidification rate. The solidification rate is the other main effect, 
besides chemical composition, on the microstructure of HP40. 
 
  A higher solidification rate will refine grain morphology and grain size in HP40 tubes. Basically, as 
shown in Figure 2.26 (a), a cross-section through a commercial HP40 tube can be clearly divided into 
three zones, which demonstrates a typical structure of a quite thin outer layer of chill crystals, then 
columnar grains and along the inner layer equiaxed grains. The cooling rate is influenced by the mould 
material, such as graphite or cast iron: a cast iron mold will result in a higher cooling rate owing to its 
high heat capability. Wu et al. [68] found that an increase in cooling rate during centrifugal 
solidification diminished the barriers for the columnar grains to develop continuously along the radial 
direction of the cast tubes.  
 
 
Figure 2.26 Cross-sections through centrifugally cast 25Cr20Ni heat-resistant steel tubes solidified in 





Table 2.5 Thickness fractions of microstructures shown in Figure 2.26 [68] 
Tube type 







Graphite mold 4 27 69 
Cast iron mold 3 83 14 
 
Pryds and Huang [69] found that increasing the cooling rate, for a ferritic steel, can lead to a 
refinement of grain size from 100 µm to 15 µm (Figure 2.27). This is because a higher cooling rate 
will lead to a larger degree of supercooling. A larger supercooling will result in a much higher rate of 
grain nucleation [70]. A more precise control of cooling rate (10-50 K/min) during solidification of a 
ferritic steel via DSC was obtained by Bleckmaan et al. [71]. In Figure 2.28, the microstructure is 
continuously refined with increasing cooling rate.  
 




Figure 2.28 Optical microscope images of as-solidified FeCrVC samples cooled at (a) 10, (b) 20, (c) 









  Secondarily, the fraction of precipitation, such as carbides, will be strongly dependent on the 
solidification rate. Table 2.6 indicates that the volume fraction of the Cr-carbides in both the columnar 
grains and the equxied grains decreases with increase of cooling rate. This is in agreement with the 
research by Zhao and Yan [72] on volume fraction of Laves phase in IN718 at different solidification 
rates (Figure 2.29). The high cooling rate inhibits the carbide coarsening via limiting the diffusion of 
solute elements like Cr, even though carbon still has a relatively high diffusion rate at elevated 
temperature. Therefore, a higher solidification rate will lead to a lower volume fraction of carbides and 
a more homogeneous distribution of precipitates. However, rapid cooling will leave a supersaturated 
solid solution in the austenitic matrix which promotes secondary precipitation under service 
conditions. 
Table 2.6 Volume fraction of Cr-carbides in 25Cr20Ni cast tubes [68] 
Tube type 
Volume fraction of the Cr-carbides in the cast tubes (%) 
Columnar grain (Zone B) Equiaxed grain (Zone C) 
Graphite mold 8.92 13.75 
Cast iron mold 7.79 10.18 
 
 
Figure 2.29 The effect of average solidification rate on volume fraction of Laves phase in IN718 [72] 
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Thirdly, the morphology of the precipitates will change with different solidification rates. Figure 2.30 
illustrates the microstructure of Al-18Si-2.5P, solidified in a graphite mould and in a cast iron mould, 
respectively. With a higher solidification rate, the morphology of the particles contained in the alloy 
solidified in a cast iron mould appears to be plate-like and rod-like. In comparison, particles in a 
graphite mould solidified alloy are flake-like with a size of about 100 µm since the lower solidification 
rate gives the precipitates enough time to grow along a specific direction. Luan et al. [73] observed 
similar morphology types for MC carbides in a centrifugal cast high-speed steel, indicating that faster 
solidification promotes a spherical nucleus and then a chrysanthemum-like carbide after solidification. 
The spherical nucleus leads to smaller carbides, which are distributed evenly in the matrix and can 
improve wear resistance and thermal fatigue properties. 
 
Figure 2.30 Optical diagrams illustrating the morphology of precipitates solidified with (a) graphite 
mould and (b) cast iron mould [74] 
 
Figure 2.31 Schematic illustrations of the growth of (a) chrysanthmum-like carbide with rapid 





2.4 Creep behaviour 
2.4.1 Fundamentals of creep deformation 
 
 
  In general, when the stress applied to a metal or alloy is above the yield strength of the material, it 
will lead to plastic deformation, which is permanent and irreversible. The deformation occurs 
suddenly and time-independently, since the strain is related to the value of the stress. However, the 
material can also deform at a constant stress below the yield strength, especially at high temperatures. 
In this case, the strain will accumulate continuously in a time-dependent manner. This kind of time-
dependent deformation under constant stress is known as creep. 
 
 
  Although creep can take place at all temperatures above absolute zero Kelvin, creep is more severe in 
materials that are subjected to heat for long periods, and generally increases as the temperature 
approaches the melting point Tm [75]. Since the melting points of metals and alloys differ widely, the 
creep behaviour is usually considered in relationship to the homologous temperature T/Tm, where T is 
the creep temperature. As illustrated in Table 2.7, for austenitic iron-base high temperature alloys, 










Table 2.7 Temperatures at which creep becomes significant for different materials [75] 
Materials 
Temperatures at which creep becomes 
significant 
oC T/Tm 
Aluminium alloys 205 0.54 
Titanium alloys 315 0.30 
Low alloy steels 370 0.36 
Austenitic iron-base high temperature alloys 540 0.49 
Nickel and cobalt-base superalloys 650 0.56 




Figure 2.32 Schematic image of constant load creep test at certain temperature [76] 





  Practical creep test data must be acquired to predict a lifetime of components at high temperatures. 
The test most frequently used for determination of the creep properties of metals and alloys is on a 
tensile specimen maintained at a constant temperature, with a constant load or constant stress, despite 
the fact that non-uniform and unstable stress and temperature conditions are often encountered during 
service. A constant load test will have an increasing stress due to the decrease of cross-section during 
the tests [77]. However, constant load is more convenient. In general, creep tests conducted at constant 
load are used for practical engineering applications, whereas creep tests at constant stress are used for 
the scientific understanding of creep mechanisms [77]. To reach elevated temperatures, the specimen 
is heated inside a thermostatically controlled furnace attached to a creep testing machine. The actual 




  Creep test data are presented as a plot of strain vs time. The slope of the creep curve is dε/dt. Typical 
creep curves are shown in Figure 2.33: a logarithmic creep curve and a normal creep curve containing 











Figure 2.33 Schematic representation of creep curves. Logarithmic creep occurs at low temperature. 
The upper curve is for medium temperature [77] 
 
 
  During the initial specimen extension, the material strain hardens by the generation and movement of 
dislocations until the flow stress becomes equal to the applied stress. Creep subsequently occurs as a 
result of thermal activation helping the applied stress to continue dislocation movement. At low 
temperatures (0~0.3 Tm), the thermal activation enable the dislocations to overcome obstacles. Since 
the events which require the least thermal energy will take place most rapidly, the creep rate will 
decrease continuously with time. In this logarithmic or low temperature regime, only limited creep 






  However, as the temperature increases towards about 0.4 Tm, the shape of the creep curve departs 
increasingly from a logarithmic form to the ‘normal’ form, which contains three stages. After the 
initial strain on loading, the creep rate decreases gradually during the primary stage until an apparently 
steady-state rate is reached. This steady-state or secondary stage, is achieved via a balance between 
work hardening and recovery, leading to a constant creep rate. Furthermore, as illustrated in Figure 
2.33, this period of constant rate does not continue indefinitely since, in most cases, the creep rate 
increases once again during the tertiary stage which terminates in fracture. Under these conditions, the 
total creep strains can be large and the rupture life is usually found to decrease rapidly with increasing 
stress and temperature. The change from the logarithmic form to the normal creep curve shape is 
attributable to the increasing importance of recovery as the temperature increases. At temperatures of 
about 0.4 Tm and above, recovery processes, such as climb and cross slip, allow rearrangement and 
annihilation of dislocations to occur. Therefore, the work hardening of the material due to generation 
of dislocations is balanced by these recovery processes to maintain a steady-state creep rate.  
 
It should be emphasized that the ‘normal’ creep curve presented in Figure 2.33 is idealized and, in 
practice, the extent of the three creep stages can vary markedly for different materials and for different 
stress/temperature conditions (Figure 2.34). Thus, the actual creep curves recorded for metals and 
alloys may be dominated by either the primary or the tertiary stages. In these cases, since the strain 
recorded in each creep stage can vary significantly with stress and temperature, the ‘steady-state’ creep 











Figure 2.34 Creep curves for Mar M246 nickel base superalloy tested at different applied stresses at 
1123 K [79] 
 
  Based on abundant experimental results from pure copper, Norton [80] found that, up to a life of 
10000 hours, there is a straight line relationship between stress and steady-state creep rate when the 
curves are plotted on a logarithmic scale. This relationship can be described as 𝑦 = 𝑚𝑥𝑛, which is 
now known as Norton’s law: 𝜀?̇? = 𝐵𝜎
𝑛, where n is called the stress exponent. 
 
  Using this procedure, stress exponents for pure metals of n=1 at low stresses to n>3 at high stresses 
have been found (Figure 2.35). However, the stress exponent can be as high as 40 for some alloys. The 
change in stress exponent under different conditions has been taken as evidence for a change in the 
creep deformation mechanism.  
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Clearly, the precise mechanisms by which time-dependent deformation occurs, and therefore the actual 




Figure 2.35 Log-log plot showing steady state creep rates as a function of the applied stress for an 
austenitic stainless steel. The slope of the line indicates the stress exponent, (n=1 at low stress and n=3 
at high stress). [81] 
 
 




  As illustrated in Figure 2.33, a constant creep rate does not continue indefinitely since, in most cases, 
the creep rate increases once again during the tertiary stage, which terminates in 
trangranular/intergranular fracture. Metals undergo a transition from trangranular fracture to 
intergranular fracture as temperature increases. This is because slip along the slip planes is easier than 
grain boundary deformation at low temperatures and the opposite occurs at high temperatures [82]. 
Therefore, for creep-resistant steels, the main fracture mechanism will be intergranular.   
  There are two types of intergranular creep fracture depending on the creep conditions (Figure 2.36). 
One is by nucleation and growth of voids and the other is by wedge cracking at triple point grain 
boundary junctions [83]. Cavities (voids) generally develop at low stresses and wedge cracks are 
normally found at high stresses (lower temperature). Both wedge cracks and voids tend to form on 
grain boundaries oriented perpendicular to the applied stress. Although the wedge cracks or voids are 
found to develop in the early stage of creep life, in the third stage of creep the nucleation and growth 
of grain boundary voids occur at an accelerated rate. This leads eventually to their linkage and 
formation of a crack that is able to propagate under the applied tensile stress [16, 84].  
 
  Creep fracture of an intergranular mode in uniaxial tension under constant stress has been described 
by the Monkman-Grant relationship. This states that the creep fracture is controlled by the secondary 
creep rate 𝜀?̇?𝑠 where the time to fracture (tr) is usually found to increase linearly as 𝜀?̇?𝑠 decreases. This 
is illustrated in Figure 2.37 and it is expressed as:  
𝜀?̇?𝑠
𝑚 ∗ 𝑡𝑟 = 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡 (𝑀) 
where constant m is typically about 1.0. The value of M varies for different materials and larger M 










Figure 2.36 (a) Schematic illustration of wedge crack formed at the triple junctions [85]; (b) wedge 
crack observed in 316 stainless steel [86]; (c) Schematic illustration of voids along grain boundary 














Figure 2.37 Monkman-Grant plot steel over a range of temperature from 500 to 700 oC of 9Cr-1Mo-V-
Nb steel [88] 
 
It should be emphasized that the Monkman-Grant relationship indicates that the rate of 
intergranular damage development must be controlled by the rate of deformation [89]. This 
requirement must then be integral in any micro-mechanism proposed to account for wedge-









2.4.2 Creep deformation mechanism 
 
  At high temperatures above 0.4 Tm, if the stress is too low for dislocation movement to be significant, 
the accumulation of creep strain is solely attributable to diffusional transport of material as vacancies 
flow between sources and sinks.  
 
  This type of creep was first described by Nabarro and Herring [90]. As shown in Figure 2.38, there is 
a uniform equilibrium number of vacancies in a grain. When a uniaxial tensile stress is applied, 
vacancies and interstitial atoms are formed in pairs on the grain boundaries normal to the tensile axis. 
The vacancies diffuse into the bulk of the crystal, while the interstitials form additional layers of the 
crystal lattices on the grain boundaries. The specimen elongates to accommodate this condition thus 
reducing the free energy. The excess vacancies, which diffuse to other grain boundaries, are absorbed 
leading to a formation of concentration gradient of vacancies. This concentration gradient becomes the 
driving force for further vacancy migration and strain accumulation.  
  
Figure 2.38 A typical grain of a polycrystalline solid showing the self-diffusion currents of vacancies 




   
For Nabarro-Herring creep, only self-diffusion through the bulk of the grain is involved, while Coble 
[91] also considered self-diffusion along grain boundaries. For Coble creep, the bulk self-diffusion 
coefficient D is replaced by the grain-boundary self-diffusion coefficient Dgb. Since the activation 
energy of grain-boundary self-diffusion is roughly half that of self-diffusion through the bulk, a 
transition from Nabarro-Herring to Coble creep would be expected with decreasing temperature in 
tests undertaken at low stress levels for pure polycrystalline metals [77]. In summary, creep by self-
diffusion irrespective of whether vacancy flow occurs through the bulk or along grain boundaries, is 
the predominant mechanism only when the stress is low and the temperature is very close to the 
melting point. 
 
  In comparison, when creep takes place at high stresses, the generation and movement of dislocations 
will be involved. With high temperature and high stress, creep is usually accomplished by dislocation 
glide, dislocation network growth and dislocation climb. 
 
  The creep rate can be controlled by the rate of dislocation movement within their glide planes. In this 
case, the speed of movement of dislocations is governed by the diffusion of solute atoms or by the 
motion of jogs on screw dislocations. For the latter process, Barrett and Nix [92] considered that the 
rate of movement of the dislocations will be fixed by the rate of emission and absorption of vacancies 
since the jogs on dislocations will be saturated with vacancies at high temperatures. As the rate of 






 During steady-state creep, the dislocations can join together and form a three-dimensional network. 
Based on the presence of this three-dimensional dislocation network, a theory of creep has been 
proposed by McLean [78] and refined by Davies and Wilshire [93]. The hardening obtained from the 
dislocation network strongly depends on its dimensions. The longest dislocations, which are also the 
weakest, can break free with the aid of thermal activation and move a certain distance before being 
joined to another network. The release of the longer dislocations shortens the average length in the 
network and thus refines the dimensions of the network. However, recovery at high temperature, such 
as via cross slip, will take place and lead to an increase of average length, which can partly offset the 
hardening effect via the refinement of the dislocation network. When the rate of refinement equals the 
rate of recovery, the creep rate will be steady-state. 
 
  At high temperatures, dislocations acquire a new degree of freedom: they can climb as well as glide. 
If a gliding dislocation is held up by obstacles like immobile dislocations, climb can release the pinned 
dislocation and allow it to glide to the next set of obstacles. The glide step is responsible for almost all 
of the strain, although its average velocity is determined by the climb step. Weertman [94] regards 
dislocation climb as the rate controlling recovery process and the general features of the analysis are 
illustrated in Figure 2.39. During creep, the dislocation sources in the material, Frank-Read sources in 
Weertman’s theory, will emit dislocations which are confined to their glide planes. The leading 
dislocations are eventually blocked by obstacles. However, the lead dislocation can climb out of its 
slip plane by vacancy emission. After climbing a certain distance, the lead dislocation may either be 
annihilated by a dislocation of opposite sign or be free to glide in a new slip plane. In either case, a 
new dislocation can be emitted from the source and creep continues. The climb process represents the 
recovery event. The rate-controlling process, at an atomic level, is the diffusive motion of vacancies to 
or from the climbing dislocation. The balance between the emission rate and absorption rate will lead 






Figure 2.39 Processes leading up to a Frank-Read source being blocked by obstacles [94] 
 
  Since diffusional and dislocation processes are relatively independent, one of these creep 
mechanisms described above can be dominant, when the contribution to the overall creep rate made by 
the other independent processes is so small that it can be ignored.  
  Moreover, the dominant creep mechanism, and hence the creep properties displayed by the materials, 
would be expected to vary in different stress and temperature ranges. For this reason, considerable 
emphasis has been placed on the development of ‘Deformation mechanism maps’, which presents the 
deformation mechanism of a material in the form of a stress and temperature diagram and was 




  Ashby [95, 96] proposed that there are five deformation mechanisms, which are mutually 
independent and operate in a parallel way:  
(1) Defect-less flow: material can deform plastically by body movement of planes of atoms in the 
crystal, when the stress is sufficiently high and close to the theoretical shear stress; 
(2) Dislocation glide: in practice, all crystals will contain dislocations and deform via dislocation glide 
when the stress is above the yield strength of material; 
(3) Diffusional creep: Nabarro-Herring creep by lattice diffusion and Coble creep by grain boundary 
diffusion; 
(4) Dislocation creep: controlled by dislocation glide at relatively low temperature or controlled by 
dislocation climb at higher temperatures; 
(5) Other mechanisms: under specific conditions, material can deform by other mechanisms, such as 
twinning or super-plastic flow, which are generally ignored in deformation maps. 
 





  Figure 2.40 illustrates a typical deformation mechanism map obtained from pure silver with a grain 
size of 32 µm and a strain rate of 10-8/s. The deformation mechanism map is constructed with axes of 
normalized stress σ/G, where G is the shear modulus, and homologous temperature T/Tm. The upper 
limit of the boundary is set by a theoretical strength ranging from G/20 to G/30. Within a field in the 
deformation mechanism map, one mechanism is dominant and will supply a greater strain rate than 
any other mechanism. Meanwhile, the boundaries between adjacent fields indicate the conditions 
under which two mechanisms contribute equally to the overall creep rate. The ranges of stress and 
temperature over which each mechanism predominates can then be identified. 
 
  Deformation mechanism maps can be constructed using actual creep data or by deriving the steady-
state creep rate using appropriate theoretical equations for a given process. Figure 2.41 is an example 
of the construction of a deformation mechanism map. Each field, where a certain deformation 
mechanism is dominant, can be described by theoretical equations. The field boundaries are the loci of 
points at which two mechanisms have equal steady-state creep rates. Furthermore, from the 
appropriate constitutive equations, the steady state creep rate can be calculated and contours of 
constant strain-rate can be superimposed on the original deformation mechanism maps. (Figure 2.42) 
  The map displays the relationship between the three macroscopic variables: stress, temperature and 




Figure 2.41 Mechanism fields for pure nickel with a grain size of 32 µm. The fields are labelled with 
the appropriate constitutive equation [95] 
 
Figure 2.42 A deformation mechanism map for pure nickel with a grain size of 32 µm with 
superimposed contours of constant strain-rate [95] 
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  The exact locations of the boundaries between adjacent creep regimes obviously differ for different 
materials. However, even for the same material, the stress/temperature ranges over which a particular 
mechanism is dominant can be dependent on such microstructural variables as grain diameter. When 
creep occurs by diffusion–controlled generation and movement of dislocations, evidence has been 
obtained which suggests that the secondary creep rate is independent of grain size. Thus diffusional 
creep is strongly dependent on grain size whereas dislocation creep is insensitive to grain size.  
  Figure 2.43 illustrates the deformation mechanism map for pure silver with grain sizes from 10 to 
100 µm. As the grain size increases, the field of diffusional creep contracts and shifts to higher 
temperatures. Meanwhile, increasing the grain size has a small effect only on the dislocation creep 
field, which moves to lower stress: there is no change in the dislocation glide field by changing the 
grain size.  
 
Figure 2.43 Deformation mechanism maps for pure silver with grain sizes of 10, 32 and 100 µm at a 





  The main application of deformation mechanism maps is to identify the mechanism by which a 
component or structure deforms in given service conditions. For example, Figure 2.44 illustrates a 
deformation mechanism map for 25Cr-20Ni austenitic stainless steel. When this kind of steel is used 
for steam reforming, dislocation creep is the dominant mechanism with little contribution from 
diffusional creep. Therefore, the analysis and design of 25Cr-20Ni for steam reforming can be based 




Figure 2.44 Deformation mechanism map of 25Cr-20Ni austenitic stainless steel. The service 
conditions for steam reforming are shown as the rectangle [97] (G is equivalent to µ in Figure 2.40-43) 
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2.4.3 Strengthening mechanisms for creep 
 
  Austenitic stainless steels can be highly strengthened by various methods. Precipitation strengthening 
is one of the most effective ways to increase the high temperature creep resistance required for heat-
resisting steels. Based on the nucleation position, the precipitates in austenitic stainless steel can be 
divided into intergranular and intragranular. However, at high temperatures where recovery takes place 
rapidly, this main strengthening mechanism loses its effectiveness during long exposure, due to 
precipitation coarsening. In such cases, the intrinsic strength of the matrix determines the creep 
resistance. The creep resistance of the austenitic matrix depends on its grain size and on solid solution 
strengthening during creep deformation.  
 
(1) Grain size  
  In the regime of diffusional creep, the creep rate is inversely proportional to the square or cube of the 
mean grain size, depending on whether the diffusion of the vacancies is via the lattice or the grain 
boundary. However, for dislocation creep, the effect of grain size on creep rate is controversial, 
although a larger grain size is generally preferred for higher creep strength. Kondo [98] investigated 
the effect of the grain size on the steady state creep rate in a single-phase 17Cr-14Ni austenitic steel at 
850 and 900 oC (Figure 2.45). The steady state creep rate decreased to a minimum at an average grain 
diameter of 100 µm and then increased with increasing original grain size. For some heat-resisting 
alloys, such as Cr-Mo-V rotor steel (Figure 2.46) [99], Hastelloy X [100] and 316 stainless steel [101], 




Figure 2.45 Variation of steady state creep rate with grain size of 17Cr-14Ni austenitic steel at 850 and 
900 oC [98] 
 
Figure 2.46 Minimum creep rate as a function of prior austenite grain diameter of Cr-Mo-V rotor steel 
under five different applied stresses at 650 oC [99] 
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(2) Solid solution strengthening  
 
  Nelmes and Wilshire [102] compared solid solution strengthening due to zinc, silicon and germanium 
in single-phase copper alloys at 700 oC. A decrease in the steady state creep rate of two orders of 
magnitude was found on going from zinc to germanium. Furthermore, the stress exponent rises from 
4.5 to 7.5 (Figure 2.47), which was explained by a decrease in stacking fault energy and a strong 
dislocation-solute interaction. 
 
  Kondo et al. [103] investigated the effect of substitutional solutes, such as molybdenum, tungsten, 
manganese, titanium and niobium, on creep behaviour in a 25Cr-35Ni austenitic steel at 1000 oC. 
Through heat treatments, the grain size was controlled to be the same in all the specimens. The creep 
curves for different solutes are compared in Figure 2.48. The specimen with tungsten shows the 
longest creep life, which is due to the relatively larger change of lattice parameter of the matrix with 
tungsten addition. Furthermore, within the solubility limit, the strengthening effect increases with the 
increase of amount of alloy addition. Research by Takeyama et al. [104] found that the effect of solid 
solution strengthening is stress dependent. Creep tests on Ni-20Cr austenitic steels strengthened with 
molybdenum, tungsten, niobium and tantalum confirmed that increasing the applied stress will lead to 





Figure 2.47 The stress dependence of the steady-state creep rate of Cu-Zn, Cu-Si and Cu-Ge alloys at 
around 400 oC [102] 
 
Figure 2.48 Creep curves of 25Cr-35Ni steels with addition of 6Cr, 2Mo, 2W, 2Nb, 2Ta, 2Ti, 2Zr and 




Turning now to interstitial solutes, Mathew [105] performed a constant-stress creep test on two 316 
austenitic stainless steels, named as 316 SS with 0.03 wt.% nitrogen and 316 LN SS with 0.09 wt.% 
nitrogen. The results demonstrated that the solid solution strengthening due to nitrogen was quite 
effective at 700 oC, as shown in Figure 2.49 where with an increase of nitrogen concentration the 
steady state creep rate of the steels decreases, and that the strengthening effect via nitrogen was 
independent of carbon concentration. The decrease of steady state creep rate due to increasing nitrogen 
content is explained as the combined contributions from solid solution strengthening by nitrogen itself 
and its influence of carbide coalescence. The presence of nitrogen is known to delay the rate of 
coalescence of M23C6 carbides in austenitic stainless steels since nitrogen can reduce the interfacial 
energy between the carbides and the austenite matrix. The suppression of coalescence of carbides due 
to the nitrogen addition is the predominant factor in the solid solution strengthening. Furthermore, 
Tanaka et al. [106] pointed out that nitrogen can prevent the formation of the subgrains during creep 
deformation and thus decrease the creep rate. 
 
Figure 2.49 Effect of N on steady state creep rate at 700 oC of the 316 SS (0.03 wt.% nitrogen) and 
316 LN SS (0.08 wt.% nitrogen) austenitic stainless steels [105] 
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(3) Intergranular precipitation strengthening 
 
  Grain boundaries tend to become weakeners rather than strengtheners at higher temperatures so that 
grain boundary strengthening should always be accompanied by intergranular precipitation 
strengthening. Integranular precipitates are effective in suppressing the nucleation of intergranular 
voids and cracks by reducing the stress concentration via reduced grain boundary sliding. 
 
  Takeyama et al. [104] have found a semiquantitative relation between the creep rate and the density 
of intergranular precipitates. Specimens of Ni-20Cr-20W alloys with different amounts of 
intergranular tungsten precipitates were prepared by pre-heating treatments at 1000 oC. The minimum 
creep rate of a specimen with intergranular precipitates to that of a specimen without intergranular 
precipitates was proportional to the grain boundary area free from precipitates. 
 
  In a 15Cr-25Ni austenitic steel, Zhang et al. [107] reported the contribution of the intergranular 
M23C6 to its creep resistance. The grain boundary carbide precipitation leads to a dramatic decrease in 
creep rate. However, above a certain matrix strength, intergranular precipitation strengthening can 
become totally ineffective. Based on the review by Matsuo [108], when more than 90% of the grain 
boundary area is covered by precipitates, the creep rate can only decrease by one order of magnitude 
via intergranular precipitation strengthening. This strengthening mechanism is especially useful at high 






(4) Intragranular precipitation strengthening 
 
  Intragranular precipitation strengthening is one of the most important strengthening mechanisms in 
creep-resistant steels at elevated temperatures. To achieve enough strengthening using this effect, 
engineering creep-resistant steels usually contain several kinds of precipitate particles in the matrix. 
Among these precipitates, M23C6 is the favourite particle in austenitic stainless steels to enhance 
strengthening.  
  A dispersion of fine precipitates can prevent movement of dislocations in the matrix and stabilize the 
sub-grain structure formed during creep deformation. Considerable efforts have been made to increase 
the density of carbide precipitate and to control its size in order to achieve enough strengthening. 
However, the coarsening of the precipitates at elevated temperatures makes it difficult to retain the 
density and size of carbides over a long period. Furthermore, the dissolution of fine precipitates 
sometimes takes place preferentially in the vicinity of grain boundaries during creep, which promotes 
the formation of a localized weak zone and thus creep deformation near the grain boundaries.  
  A decrease in creep rate of one order of magnitude cannot easily be achieved by increasing the grain 
size. Solid solution strengthening is a stable creep resistance mechanism at high temperatures. 
However, even a very effective strengthener such as nitrogen can decrease the creep rate by only one 
and half orders of magnitude. Intergranular precipitation strengthening is a promising method at high 
temperatures, but the creep rate only decreases by one order of magnitude with more than 90% of the 
grain boundary area covered by precipitates. Although the carbides easily coagulate and lose their role 
as an effective strengthening dispersion at very high temperatures, intragranular precipitation 
strengthening due to carbides is still the most effective and widely adopted way to increase the high 
temperature creep resistance of austenitic heat-resisting steels. In this way, a decrease in creep rate of 
more than three orders of magnitude can easily be achieved. Therefore, the creep behaviour of 
intragranular precipitation strengthened alloys needs to be understood. 
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2.4.4 Creep in intragranular precipitation strengthened alloys 
 
  As mentioned in Chapter 2.4.1, the steady-state or secondary creep rate maintains a constant 
minimum value over most of the creep life through a balance of recovery and work hardening. Based 
on abundant experimental results, Norton [80] found that there is a straight line relationship between 
stress and creep rate when the curves are plotted on a logarithmic scale. This relationship can be 
described as  
𝜀̇ = 𝐴𝜎𝑛--- Equation 2.1 
where 

  is creep rate, A is a constant, σ is the applied stress and n is called the stress exponent. 
By including in A a term involving the activation energy of creep, Equation 2.1 represents the creep 
rate as a function of stress and temperature: 
𝜀̇ = 𝐴′𝜎𝑛𝑒𝑥𝑝 (−
𝑄
𝑘𝑇
) --- Equation 2.2 
where A' is a constant, Q is the activation energy of creep (roughly equal to the self-diffusion 
activation energy), k is Boltzmann’s constant and T is the temperature. 
 
  Equation 2.2 is known as the Power Law, and is the most commonly invoked constitutive law to 
describe creep behaviour. For precipitate-free materials, n generally varies from 1 to 10 [75]. 
Weertman [94] showed that n should be 4 for steady-state creep by dislocation climb. 
Although the power law fits well for pure metals and single-phase alloys, it becomes inadequate for 
complex engineering alloys, such as nickel-based superalloys and intragranular precipitation 





(i) The values of n and Q are higher than those observed in pure materials: n can be above 20 and Q 
three times the expected value; 
(ii) An established steady state is rarely observed; the creep rate, after a decrease during the primary 
creep stage, progressively increases from a minimum value until fracture occurs. 
 
To correct these two problems, the concept of “back-stress” σb is invoked. The back-stress is the 
threshold stress to overcome the interactions between dislocations and intragranular precipitates, such 
as via Orowan looping, cutting and bypass by climb [109]. These interactions oppose the glide of the 
dislocations, leading to a decrease in the effective applied stress on the material. 
𝜎𝑒𝑓𝑓 = 𝜎 − 𝜎𝑏 --- Equation 2.3 
where σeff is the effective stress 
 
Incorporating Equation 2.3 into 2.2, results in the modified power law equation 








) --- Equation 2.4  
 
  Threadgill and Wilshire [110] studied a two-phase copper-cobalt alloy and found that, for Equation 
2.2, n=5 and Q=140 kJ/mol at low stress and n=12 and Q=210 kJ/mol at high stress. However, Parker 
and Wilshire [111] applied Equation 2.4 to the same alloy with an experimentally determined back 
stress σb, resulting in Q=110 kJ/mol and n=4 at all stresses; the self-diffusion activation energy for 





  In the case of high temperatures (above 0.5 Tm) and relatively low stress (below the threshold stresses 
of Orowan looping and cutting), bypass by climb becomes the main interaction between the 
dislocations and intragranular precipitates. The climb process will involve a dislocation line length 
increase and hence an increase of elastic strain energy, which is the origin of the threshold stress of 
climb. However, climb can be divided into two types: local climb, where most of dislocations remain 
in the glide plane and general climb, where most of the dislocations move out of the glide plane 
(Figure 2.50). For local climb, the increase of the dislocation line length is dependent on the 
precipitate size while, for general climb, the precipitate spacing will contribute to the increase in the 








  Several models have been developed for dislocation bypass by climb to predict the creep behaviour of 
alloys. Stevens and Flewitt [109] described a bypass climb model for IN718 based on the geometry of 
climb at spherical precipitates while Arzt and Ashby [112] pointed out that the threshold stresses for 
dislocations bypassing spherical precipitates are 0.3 Orowan stress for local climb and 0.04 Orowan stress, 
respectively. For alloys strengthened by cubic precipitates, climb models have also been presented by 
Lagneborg [113] for a Ni3Al strengthened Ni-Cr-Al alloy, Evans and Knowles [114] for a TiN strengthened 
20Cr/25Ni stainless steel and McLean [115] for a γ’ strengthened IN738LC alloy. However, TEM 
observations [116, 117] indicate that the dislocations can be held by an attractive force on the departure side 
after climb is completed, as shown in Figure 2.51. This attraction or detachment process will lead to a 





Figure 2.51 Bright field image of a dislocation at an oxide dispersoid. The dislocation contrast at the 




  For all of the climb models described above, the value of threshold stress or the back stress σb will 
depend on the microstructural parameters of the precipitate. The threshold stress thus will not be 
constant but will vary with temperature, stress and time due to coarsening of the precipitates [121, 
122]. For example, by introducing the time-dependent coarsening of precipitates, Dyson and McLean 
[79] established a time-dependent creep model for precipitate-strengthened IN597. This approach is 
now known as continuum damage mechanics (CDM). Similar approaches have been developed by 
Stevens and Flewitt [109, 123] for IN738, Williams and Cane [124] for 0.5Cr0.5Mo0.25V steel and 
Rosler and Arzt [120] for aluminium alloys and strengthened tungsten.  
  However, the above approaches (based on Equation 2.4) to presenting the creep behaviour of 
complex engineering alloys are generally empirical and lack physical justification for the stress 
exponent n and constant A. Furthermore, these models have no immediate quantitative relationship to 
microstructural parameters such as dislocation density, precipitate volume fraction, precipitate size and 
precipitate interspacing. Basoalto et al. [125, 126] were the first to derive a creep equation for nickel-
based superalloys including a consideration of microstructural parameters. A refinement of this model 
had been presented by Dyson [127], which is a microstructure-based climb bypass model linking 
microstructural evolution to creep rate. Coakley et al. [128] pointed out that Dyson’s model is only 
suitable for a unimodal particle size distribution while some nickel-based superalloys have a bimodal 
particle size distribution. Oruganti et al. [129] presented a similar model for 9-10% Cr ferritic steels 
assuming that creep occurs by the thermally activated release of dislocations from pinning. Zhu et al. 
[130] made the spherical particles into cubic ones for CMSX-4 and introduced an effective diffusivity 
Deff to account for the dependence of creep deformation on alloy chemistry. 
  Based on models of climb, which is the main creep mechanism in intragranular precipitation 
strengthened alloys, the microstructural parameters of precipitates and thus the back stress exerted by 
the dislocation climb process are the key factor for the creep properties of alloys. Therefore, the 
microstructural characterisation of HP40 alloys is important for understanding the creep and 
improving resistance to it. 
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2.4.5 Creep behaviour of HP40 
 
  The creep behaviour of HP40 austenitic stainless steel has been investigated from different aspects, 
both practically and theoretically. Whittaker et al. [131] compared the creep rupture properties of HK40 
and HP40 based on an analysis of the National Institute for Materials Science (NIMS) data sheets which 
records the creep rupture strength, the creep ductility and the reduction in area at fracture. From Figure 
2.52, the creep rupture strength of HP40 is greater than that of HK40. For example, at 1000 oC, the 
100000 hours creep rupture strength of HK40 is 3.5 MPa while that of HP40 is 6.9 MPa. The creep 
ductility of HK40 decreases to around 5 % as the applied stress decreases at temperatures approaching 
1000 oC, whereas that of HP40 is fairly constant at around 15% (Figure 2.53). 
 
 










Figure 2.53 The creep ductility (%) of HK40 and HP40 at various temperatures and stresses [131] 
   
  However, the National Institute for Materials Science (NIMS) data sheets do not include properties 
such as the minimum creep rate and the times to various creep strains (creep curves). Nowak et al. [17] 
has undertaken creep tests in air on as-cast HP40 austenitic stainless steel at temperatures of 880, 900 
and 950 oC to obtain the minimum creep rate and creep curve analysis. From Figure 2.54, the creep 
curves were found to consist of a relatively short primary stage leading to a minimum strain rate and 
then an extended tertiary stage. There was no convincing evidence of a period of steady-state creep 
(Figure 2.55). The best-fit lines for the Norton equation through the experimental data are shown in 
Figure 2.56 and the corresponding values of stress exponent n were found to be 9.6 at both 880 and 




Figure 2.54 Creep curves of the constant stress creep tests at 880, 900 and 950 oC for HP40 [17] 
 






Figure 2.56 The dependence of minimum creep rate on the applied stress at 880, 900 and 950 oC [17] 
 
In this PhD project, three different types of HP40 austenitic stainless steels, which are named as Alloy 
A, Alloy B and Alloy C, were supplied by Doncasters Paralloy Ltd. Creep experiments for each alloy 
had previously been carried out using an ATS Paralloy creep machine at a temperature of 1000˚C and 
stress of 40MPa by Nowak. Creep curves, as well as strain rate-strain curves were obtained and are 
presented in Figure 2.57 and Figure 2.58, respectively. For all three alloys, the creep curves are similar 
and consist of the primary and tertiary stages but with no substantial steady-state stages. Immediately 
after the primary creep stage the tertiary creep stage begins at tm as shown in Figure 2.58. In this case, 
the minimum creep rate instead of the steady-stage creep rate is used, which can be explained as a 
process where hardening in the primary stage is balanced by softening in the tertiary stage. The creep 
properties for the HP40 alloys studied in this study are summarized in Table 2.8. 
 
 
n = 11.5 
n = 9.6 
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Table 2.8 Creep properties for HP40 alloys in this study 
Specimen Alloy A Alloy B Alloy C 
Minimum creep rate / s-1 4.50×10-8 2.45×10-8 2.40×10-8 
Creep life / hour 104 124 154 
tm / hour 12 14 13 
 
 
Figure 2.57 The creep curve for the alloys under constant stress at 1000˚C and 40MPa 
 
Figure 2.58 The strain rate-strain curves obtained from the creep test at 1000 oC and 40 MPa  
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Chapter 3 Materials and experimental procedure 
3.1 Materials 
  The HP40 austenitic stainless steels investigated in this PhD project were produced by Doncasters 
Paralloy Ltd. via a centrifugal casting process. In this process, molten metal is heated to around 
1600°C and then poured into a horizontally spinning mould which is machined from a carbon steel 
billet, as shown in Figure 2.25. The inner diameter of the mould controls the outer diameter of the tube 
and the inside surface of the mould is coated with a refractory to prevent the molten metal fusing into 
the mould. Furthermore, by changing the refractory composition, the desired solidification rate of the 
molten metal can be controlled. The mould is spun to produce a centrifugal force between 80 to 100 
times gravity, which will distribute the liquid metal uniformly over the entire inner surface of the 
mould. Residual refractory on the outside of the tube is removed by blasting with stainless steel shot 
and the unsound shrinkage porosity existing on the inside surface is removed by deep hole boring. The 
tubes commercially sold by Paralloy typically consist of a combination of columnar and equiaxed 
grains (Figure 3.1). The columnar to equiaxed depth ratio is often driven by specifications and varies 
with customer preferences. 
  Three as-cast HP40 steels, named Alloy A, Alloy B and Alloy C, were supplied by Doncasters 
Paralloy Ltd. The chemical compositions of the alloys were measured by the supplier using the optical 
emission spectrometry (OES) and are shown in Table 3.1 in both weight percent and atomic percent.  
  The Alloy A represents the typical HP40 steel while Alloy B has been chemically modified, for 
example by adding tungsten and increasing niobium content. The solidification rates of Alloy A and 
Alloy B were controlled to be the same, then the main reason of the microstructural difference 
between Alloy A and Alloy B is due to their chemical composition difference. Furthermore, to find out 
the effect of solidification rate on the microstructure of HP40, another type alloy, Alloy C, was 
produced. The chemical compositions of Alloys B and C fell into the same HP40 modified alloy range 







Figure 3.1 Macrostructure of a centrifugally cast HP40 tube consisting of about 50% columnar and 
50% equiaxed grains [17] 
 
 
Table 3.1 The chemical compositions of the as-cast Alloys A, B and C 
Element 
Specimen 
C N Si Mn Ni Cr Mo Nb W Ti Zr Fe 
Alloy A 
wt % 0.46 0.08 1.42 1.01 35.88 24.25 0.05 0.97 0 0.05 0.02 35.81 
at % 2.08 0.29 2.74 1.00 33.13 25.27 0.03 0.57 0.00 0.06 0.01 34.82 
Alloy B 
wt % 0.41 0.11 0.97 0.74 34.74 24.66 0.01 1.11 0.05 0.05 0.03 37.12 
at % 1.86 0.43 1.88 0.73 32.26 25.85 0.01 0.65 0.03 0.06 0.02 36.22 
Alloy C 
wt % 0.41 0.10 0.92 0.75 36.12 23.49 0.02 1.39 0.05 0.05 0.01 36.69 








  Cross-sections from the as-cast tubes were cut and prepared for microstructural observation and 
further heat treatment (Figure 3.2). Cylindrical creep specimens with a gauge diameter of 6 mm and 
gauge length of 31.75 mm were machined from the columnar region of the wall (3 mm from outside 
diameter) of an as-cast tube with the stress axis parallel to the tube axis (Figure 3.3). Creep tests were 
carried out at 1000 ˚C and 40 MPa on Alloy A for 12 hours, Alloy B for 14 hours and Alloy C for 13 
hours which times correspond to the minimum strain rates (c.f. Figure 2.56). After the creep tests, 
the creep specimens were cut into two halves; the heads of the cut creep specimen were used for 
further microstructural observation. All the microstructural observations of as-cast, heat treated and 
crept specimens were carried out at the 3 mm from the outside diameter of tubs (Figure 3.2 (b)). 
 
Figure 3.2 (a) and (b) Schematic diagrams of the cross-section through an as-cast cast tube for 
microstructural observation 
 










3mm from OD 
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3.2 Heat treatment 
 
  In order to determine the effect of stress on microstructural evolution, Alloy A kept 12 hours at 1000 
oC without stress was compared with crept Alloy A (i.e. with stress). The specimens for heat treatment 
were put into a muffle furnace in air and heated up to 1000˚C at 5 oC/min. After holding for 12 hours, 
the specimens were cooled down in the furnace to mimic creep tests.  
  For Alloys B and C, heat treatments at 1000 oC for 1 to 150 hours were used to understand the 
microstructural evolution during long-term service. After holding for the designated period time, the 
specimens were quenched into water. The detailed heat treatment process is shown in Figure 3.4 and 
the specimens are listed in Table 3.2. For example, HT-10 indicates that the specimen was hold at 1000 
oC for 10 hours. 
 
Figure 3.4 Schematic figure for heat treatment process (150 hours in this case) 
Furnace cooled down for Alloy A 




Table 3.2 List of heat treatment specimens 
Specimen 





Cool down method 





Alloy B & 
Alloy C 
HT-1 1 1000 Quenched 
HT-2 2 1000 Quenched 
HT-5 5 1000 Quenched 
HT-10 10 1000 Quenched 
HT-20 20 1000 Quenched 
HT-30 30 1000 Quenched 
HT-40 40 1000 Quenched 
HT-50 50 1000 Quenched 
HT-100 100 1000 Quenched 




3.3 Metallurgical observations 
 
  The specimens were firstly mounted in bakelite with an EZ-mat Opal 400 hot mounting machine. The 
specimens were mechanically ground using SiC papers up to #2500 on a Struers Labopol-5. The 
specimens were then polished on the same machine using an MD Mol cloth (Struers Ltd.) with a 3 µm 
liquid diamond suspension (Kemet Ltd.). An MD Nap polishing cloth (Struers Ltd.) with 1 µm liquid 
diamond suspension (Metprep Ltd.) was then used. The final polishing used an MD Chem polishing 
cloth with 0.25 µm diamond compound (Metprep Ltd.). The specimens were ultrasonically rinsed in 





3.4 Optical microscopy 
 
  An optical microscope was used to obtain the macrostructure of the alloys. The specimens were 
firstly etched in a water-based solution containing 40% hydrochloric acid (HCl) and 40% nitric acid 
(HNO3). Optical observations were conducted on a Zeiss Axioskop 2 optical microscope using Axio 
vision image capture and analysis software.  
 
 
3.5 Scanning electron microscopy 
 
  Scanning electron microscopes (SEM) equipped with Energy Dispersive X-ray (EDX) detectors were 
used for microstructural observation and chemical analysis of the alloys. In this study, two field 
emission gun SEMs: JEOL JSM-7000F SEM and TESCAN MIRA3, were employed for the 
microstructure observation. The EDX detector on the JSM-7000F SEM is a Si-Li detector operated 
with INCA software while that on the TESCAN MIRA3 is a new generation silicon drift detector 
(SDD) with AZtecEnergy software. Generally, the microstructural characterization was performed at 
an operating voltage of 20 keV. The chemical analysis using EDX, including spot analysis, line scans 
and maps also were carried out at 20keV. All microstructural observations were made in areas 





3.6 Transmission electron microscopy 
 
  For preparation of TEM samples, thin slices of about 1 mm in thickness were cut from bulk samples 
using a Struers Accutom 5 cutting machine with a SiC blade. TEM discs 3 mm in diameter were 
punched from these thin slices and manually ground to 150 ~ 180 µm thick using the #800 SiC 
grinding paper. The foils were prepared by twin-jet electro-polishing (Struers TenuPol-3) using a 
solution of 20% perchloric acid and 80% methanol at 0 oC. Transmission electron microscope (TEM) 
examination was performed on a JEOL-2100HT TEM operating at 200 kV to obtain bright field (BF) 
images, dark field (DF) images and diffraction patterns. Furthermore, scanning transmission electron 
microscopy (STEM) using high angle annular dark field (HAADF) imaging was performed on a 
Philips Tecnai F20 equipped with an Oxford Instruments X-Max 80 silicon drift detector for chemical 
analysis. 
 
3.7 Focused ion beam scanning electron microscope 
 
   A focused ion beam scanning electron microscope (FIB/SEM, FEI Quanta 3D FEG) equipped with a 
focused gallium ion beam and a conventional field-emission gun electron beam was used to prepare 
TEM specimens at specific positions where specimens would be difficult to produce via twin jet 
polishing, for example a particular precipitate or grain boundary. Firstly, the area of interest was 
coated with tungsten in order to protect it from ion milling. Then, the specific area was thinned to 1 
µm using the ion beam at 30 kV with the beam current gradually decreased from 65 nA down to 5 nA. 
This thin slice was cut off and mounted on an Omniprobe (tungsten needle), followed by welding onto 
a copper grid. Finally, this slice was ion beam thinned to around 200 nm and cleaned at a very low 
beam current.  
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3.8 X-ray diffraction 
 
  X-ray diffraction (XRD) was carried out on a Philips D62-WSC X-ray diffractometer operating at 40 
kV and 40 mA. X-ray diffraction (XRD) spectra were recorded in the 2θ range of 20-100o with a step 
rate of 1o/second using Cu-Kα radiation (λ=1.541Å) for phase determination purposes. The peak 
matching was performed using XPert software equipped with the database of the Joint Committee for 
Powder Diffraction Standards (JCPDS).  
 
3.9 Differential scanning calorimetry 
 
  Thermal analysis was performed using differential scanning calorimetry (DSC) in a Netzsch STA-
449F3 Jupiter equipped with Proteus software. The DSC experiments were conducted under a static 
atmosphere of nitrogen of 99.99 vol.% purity to prevent both the de-nitrogenation of the steel and to 
minimize the surface oxidation. The empty corundum crucible was used as a reference. The 
specimens were also cut from areas approximately three mill imetres from the outside diameter 
(OD) of the tubes; the samples weighed 50~80 mg. The detailed DSC process for dynamic 
measurements is shown in Figure 3.5 and two cooling rates, 10 oC/min and 100 oC/min, were used. 
The DSC process in Figure 3.5 is chosen to simulate the solidification process during centrifugal 








Figure 3.5 Schematic figure for DSC tests 
 
3.10 Thermodynamic calculation 
 
  JMat Pro 6.2, commercial software utilizing core minimization routines developed for the PMLFKT 
program [132], was used for the thermodynamic calculations for the alloys following the CALPHAD 
method (CALculation of PHAse Diagrams). The CALPHAD method provides a consistent description 
of the phase diagram and the thermodynamic properties so as to reliably predict the set of stable 
phases and their thermodynamic properties in regions without experimental information during 
simulations of phase transformations [133]. In this study, the TCNI7 database was selected. 
Heat up to 1100 oC 
at 30 oC/min 
Hold at 1100 oC 
for 10 minutes 
Heat up to 1530 oC 
at 10 oC/min 
Cooled down to 1100 oC 
at 10 or 100 oC/min 





3.11 Microstructural parameter measurement  
 
  The microstructural parameters of the precipitates, like their area fraction, interspacing and 
size, were measured in this study. The area fractions of precipitates in the as -cast, heat treated 
and crept specimens were evaluated using ImageJ software. Ten measurements for each 
specimen were obtained.  
  When the precipitates are of non-spherical form, such as the M23C6, various measurement methods 
have been reported. Aghajani et al. [134] and Prat et al. [135] defined the precipitate size as the 
average value of the two perpendicular axes across the particle. However, Qin et al. [136] 
determined the size of the precipitates by drawing the circumference of each precipitate by hand 
and automatically determining the corresponding diameter of a circle of equal area via ImageJ. 
According to Zhu et al. [122], the average precipitate sizes measured by these two methods are 
close, but both smaller than the Feret’s diameter. 
 
  In this study, the interspacing and precipitate size measurements were carried following 
Aghajani’s method (see Figure 3.6): 
Firstly, fifty TEM bright field images were taken from each specimen at a magnification of 6000. The 
area of each image, A, was 1824 × 1824 nm2. The number of precipitates, n, in each image was 
recorded: for example in Figure 3.6 n is 5. The interspacing λp was calculated following equations 3.1 
and 3.2:  










For precipitate size, two perpendicular sizes d1 and d2 through each precipitate, were measured. 
Five hundred precipitates were analysed in each condition and the average precipitate size was 
calculated using equations 3.3 and 3.4. 










Figure 3.6 Schematic figure illustrating the measurement of the microstructural parameters --- 



















3.12 Foil thickness measurement 
 
  To quantify accurately the extent of interfacial segregation from the measured data in accounting for the 
effect of beam spreading, it is necessary to measure the foil thickness, t. Many techniques are available.   
The most accurate measurements are obtained using convergent beam electron diffraction (CBED). 
 
  The technique makes use of the intensity oscillations present in convergent beam patterns. An equation 
from the two-beam dynamical theory of electron diffraction, which shows the relation between ξg, t and the 



















 --- Equation 3.5 
where Si is the deviation parameter of the minimum for the reflection g. Si can be measured directly from 
the spacing of the fringes in the convergent beam pattern and ni is the number of the fringes counting 








) --- Equation 3.6 
where d is the plane spacing of the operating reflection and λ is the electron wavelength (200 kV). Δ𝜃𝑖 is 
the distance to the chosen minimum from the mid-line and 2𝜃𝑑 is the distance from the bright field disc to 
the diffracted disc. Plotting (Si/ni)2 versus (1/ni)2, the foil thickness is given by the intercept of the resulting 
straight line with the (Si/ni)2 axis if n gives a straight line. The method described above to determine the foil 







Figure 3.7 Schematic drawing showing the foil thickness measurement using a two-beam condition 
convergent beam electron diffraction (CBED) pattern: (a) the measurements necessary to extract 
thickness (t) from K-M fringes. From ni measure spacing of Δ𝜃𝑖 determine the deviation parameters S 




Chapter 4 Microstructural characterisation of 
HP40 (Alloy A) 
4.1 Microstructure of as-cast Alloy A 
  A cross section through the Alloy A as-cast tube wall is shown in Figure 4.1. The macrostructure 
consists of a combination of columnar and equiaxed grains.  The tube wall thickness is 13 mm, while 
the columnar grain region is 10 mm across and the equiaxed grain region is 3 mm. The columnar to 
equiaxed depth ratio (~ 3:1) is typical of commercial HP40 tubes produced by Paralloy Ltd.  
However, the creep specimen of Alloy A was cut from a different tube with the one where as-cast and 
heat treated Alloy A were cut. Since these two tubes share the same chemical composition and 
solification rate, all the microstructural observations carried out in as-cast and heat treated Alloy A (3 
mm from the outside diameter of tubs) can be compared with the microstrcuture of the central region 
of creep specimens. 
 
Figure 4.1 Optical image illustrating the macrostructure of as-cast Alloy A tube; There are 75% 
columnar and 25% equiaxed grains over the wall thickness 
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Figure 4.2 shows, at higher magnifications, the microstructure of as-cast Alloy A obtained by BSE. 
Austenitic matrix is surrounded by dark and bright precipitates which form a fragmented network. The 
dark precipitates are of mixed granular and acicular shapes, which is described as eutectic or ‘Chinese-
script’ structure (Figure 4.3). Most of the bright precipitates have a rod-like morphology (Figure 4.4). 
From the EDS results (Table 4.1), the precipitates in bright contrast correspond to primary Nb-
carbides while the dark precipitates correspond to primary Cr-carbides. Furthermore, almost all the Nb 
is confined to the primary carbide network, whereas Si and Fe remain in solid solution in the Ni-rich 
matrix. Cr appears both to be dissolved in the matrix and to form part of the primary carbides. 
However, as shown in Table 2.3, austenitic stainless steel can contain different kinds of precipitates. 
XRD analysis confirms that the Cr- and Nb-carbides are M7C3 and MC, respectively (Figure 4.5). 
Furthermore, some NbC carbides were observed within the eutectic structure as shown in Figure 4.3. 
The area fractions of primary Cr-carbide and primary Nb-carbide are also measured and listed in Table 
4.2: 3.89 % for M7C3 and 1.40 % for NbC. 
 
  






Figure 4.3 BSE images of as-cast Alloy A illustrating (a) and (b) eutectic or "Chinese script" structure 
between austenite and M7C3; (c) and (d) rod-like primary NbC 
  
Figure 4.4 (a) Low magnification and (b) high magnification BSE images of as-cast Alloy A 













Table 4.1 EDS analyses obtained from the points shown in Figure 4.2 (b) 
Points 
Atomic % 
C Si Cr Fe Ni Mn Nb 
1 31.85±0.72 --- 59.63±1.13 7.30±0.68 1.21±0.22 0.59±0.02 --- 
2 41.73±0.81 --- 9.56±1.33 3.46±0.52 2.67±0.14 0.22±0.02 42.36±0.33 





Figure 4.5 XRD spectrum obtained from as-cast Alloy A illustrating that the primary precipitates are 
M7C3 and MC 
 
●  Austenite 
▲ M7C3 




4.2 Microstructure of crept Alloy A 
  After creep at 1000 ˚C and 40 MPa for 12 hours as described in Section 3.1. The microstructure of 
crept Alloy A is illustrated in Figure 4.6 (a). After creep, the morphology of the primary precipitates 
shows no significant difference. The area fraction of primary Cr-carbides increased from 3.89 % to 
5.25 % during creep whilst that of the primary Nb-carbides shows only a slight increase from 1.40 % 
to 1.60 % (Table 4.2). Furthermore, the XRD spectrum obtained from crept Alloy A shows peaks for 
NbC and M23C6, indicating the transformation of the primary Cr-carbides from M7C3 to M23C6 (Figure 
4.6 (b)).  
  Notably, secondary precipitation can be observed within the matrix. The secondary precipitates result 
from the supersaturated solid solution of carbon and chromium in the austenite originally formed 
during non-equilibrium solidification. These secondary precipitates are cubic and the maximum size is 
below half a micron, making them difficult to analyse via SEM.  
  
Figure 4.6 (a) BSE image and (b) XRD spectrum obtained from crept Alloy A 
Table 4.2 Area fractions of various carbides in as-cast and crept Alloy A 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Primary Nb-carbide 
As-cast Alloy A 3.89±0.17 --- 1.40±0.07 
Crept Alloy A 5.25±0.26 1.75±0.14 1.60±0.07 
(a) (b) ●  Austenite 
▼ M23C6 




TEM was used to identify the secondary precipitates and measure the microstructural parameters. A 
specimen was cut using FIB/SEM. Figure 4.7 illustrates the TEM bright field image. There is a strip of 
primary Cr-carbides and fine cuboid secondary Cr-carbides. A higher magnification bright field (BF) 
image (Figure 4.7 (b)) shows secondary Cr-carbides. The selected area diffraction (SAD) pattern 
(Figure 4.7 (c)) obtained from the secondary Cr-carbide in Figure 4.7 (b) shows that it is M23C6 type 
with an orientation relationship {110}𝛾 ∥  {110}𝑀23𝐶6  and 〈110〉𝛾 ∥ 〈110〉𝑀23𝐶6. The primary Cr-
carbide however does not show such a relationship with the matrix.  Some finely sized intragranular 
particles, also observed in the matrix as shown in Figure 4.7 (d), are confirmed to be rich in Nb 
(Figure 4.10). 
  
Figure 4.7 (a) TEM BF image obtained from crept Alloy A showing Cr-carbides (rectangle is 
investigated further in Figure 4.6); (b) BF image showing secondary Cr-carbides; (c) SAD pattern 
obtained from a secondary Cr-carbide in (b); (d) BF image of intragranular Nb-rich particle  
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Figure 4.8 (b)-(e) show TEM EDS maps of an area selected from Figure 4.7 including primary Cr-
carbides. Besides the primary Cr-carbide, two different precipitates were found. Firstly, fine Nb-rich 
particles (Figure 4.8 (c) & (e)) were observed, not only at the interface between the primary Cr-carbide 
and the matrix (particle 1 in Figure 4.8 (e)), but also at the interfaces between the primary Cr-carbides 
(particle 2 in Figure 4.8 (e)). Meanwhile, Nb-Ni-Si particles are found to be associated with the 
primary Cr-carbide (Figure 4.8 (a), (d), (e) & (f)). The diffraction patterns in Figure 4.9 obtained from 
the Nb-Ni-Si particle (that labelled in Figure 4.8 (a)) indicate that the precipitate has an fcc structure 
with a lattice parameter of 1.13nm. This is G-phase (Ni16Nb6Si7) which is fcc with a parameter 
1.1~1.14 nm.  
 
 
   
   
Figure 4.8 (a) BF image from rectangle outlined in Figure 4.7; (b)-(f) TEM-EDS maps of selected area 
illustrating the appearances of Nb-rich particle and Nb-Ni-Si precipitate (G-phase) 
(a) 







Cr (b) (c) 







Figure 4.9 SAD patterns obtained from the G-phase precipitate labelled in Figure 4.8 (a); the angles 
between three zone-axes agree with those angles calculated theoretically (bold numbers)  
 
  Some finely sized particles, around 20~50 nm in diameter, also appear within the matrix and are 
observed to be associated with dislocations (Figure 4.7 (d)). EDS mapping of such particles indicated 
they are rich in Nb, as shown in Figure 4.10 (e). However, since the diameter of such particles is much 
smaller than the thickness of the FIB-TEM sample (~200 nm), the light elements such as carbon or 
nitrogen are difficult to distinguish as illustrated in Figure 4.10 (c). Accurate chemical information 









   
   
Figure 4.10 Nb-rich particles in association with dislocations (a) BF image; (b)-(f) TEM-EDS maps of 
selected area. The particles are Nb-rich (e) while carbon distribution shows no fluctuation at any point 
 
  To solve this problem, another TEM specimen from crept Alloy A was prepared via twin jet 
polishing.  A measurement of thickness was carried out via convergent beam electron diffraction 
(CBED) patterns following the method described in section 3.12.   
 
  Figure 4.11 (b) shows a CBED pattern taken at a two-beam condition with 𝑔 = 31̅1̅. As shown in 
Table 4.3, the guessed values of n are shown in column 1. The values of s2, s3 and s4 were calculated 
with Equation 3.6 and listed in column 2. The values of (si/ni)2 were listed in column 3. A straight line 
for (si/ni)2 against (1/ni)2 was obtained for n=3 as shown in Figure 4.12. The intercepts of the straight 
line with the ordinate (si/ni)2 is 1/t2, and this equals 2.10569×10-4 nm-2.  The extinction distance (ξg) for 
{311} equals 28 nm and the foil thickness is therefore 69 nm, which is much thinner than the FIB-
TEM specimen. 
(a) (b) (c) Cr C 





Figure 4.11 (a) BF image of crept Alloy A; (b) CBED pattern obtained from selected area in (a) close 
to the specimen edge (i.e. thin) 
Table 4.3 CBED data for thickness determination 
ni  si (nm-1)  si2/ni2 (nm-2) 
3  0.111  8.291×10-5 
4  0.063  1.194×10-4 
5  0.040  1.739×10-4 
 
 
Figure 4.12 A straight line of (Si/ni)2 vs. (1/ni)2 for Figure 4.11 (b) 
g = (3-1-1) 
B = [103] 






  A Nb-rich particle was chosen from the rectangle outlined in Figure 4.11. The size of this particle is 
around 30 nm, which is half the specimen thickness in this area. Figure 4.13 (b) illustrates the EDS 
spectra obtained from the selected particle and from the surrounded matrix as a comparison. It is 
obvious that the particle is rich in niobium combined with nitrogen. Other elements, such as 
chromium, nickel and iron are lower than in the matrix.  
 
 
Figure 4.13 (a) BF image from rectangle outlined in Figure 4.11; (b) EDS spectra obtained from 
selected Nb-rich particle and from the matrix as shown in (a) 
 
  To confirm the nature of the Nb-rich particles, SAD patterns (Figure 4.14 (b)-(d)) were obtained 
from a selected particle (Figure 4.14 (a)). Due to the size limit of the selected area aperture, diffraction 
patterns were obtained from both the particle and the matrix. As shown in Figure 4.14, two sets of 
spots can be observed. The brighter spots are from the γ-Fe matrix which has an fcc structure. The 
weaker diffraction spots are from the selected particle, can be indexed as fcc with a lattice parameter 
of 0.43 nm. As listed in Table 2.3, the lattice parameter of NbC is 0.44 nm while the lattice parameter 
















Figure 4.14 (a) BF image of selected Nb-rich particle; (b) SAD pattern from selected particle where 
the brighter spots are from γ-Fe matrix and the weaker spots are from the MX particle 
 
  As discussed in Sections 2.4.3 and 2.4.4, intragranular precipitation is the most effective creep 
strengthening method. The microstructural parameters for intragranular precipitates will have a strong 
influence on the creep rate and need to be measured.  
 
  However, in crept Alloy A, two types of intragranular precipitates have been identified, secondary 
Cr-carbide M23C6 and fine NbN. Although the NbN precipitates are smaller than the M23C6 
precipitates, the content of NbN is too low to achieve a strengthening effect compared with that of 















  The measurement area (Figure 4.15) was selected to be close to primary carbides and to have a width 
of 2 μm for the following reasons: 
 
(i) From Figure 4.15 (a), most of the secondary precipitates are in the area 0~2μm from primary 
carbides, indicating that this area has the highest particle density; 
(ii) The particle size in the area of 0~2μm from primary carbides is around 100 nm, which is suitable 
for dislocation-precipitate interactions. However, the size of the precipitates beyond this area can be 
several microns (particles 1 and 2 in Figure 4.15 (b)) making them unlikely to act as effective 
obstacles to dislocation movement; 
(iii) Primary carbides can be potential sites for dislocation generation during creep. This will lead to a 
greater possibility for dislocation-precipitate interactions in the area close to primary carbides. 
 
 
Figure 4.15 (a) SEM-BSE image and (b) TEM-BF image illustrating the measurement area of 








  The measurement of microstructural parameters followed the method described in Section 3.11. 50 
TEM BF images were taken to calculate the interspacing and 500 secondary precipitates were 
analysed to calculate average precipitate size. In crept Alloy A, the average precipitate size is 159 ± 58 
nm and interspacing is 565 ± 66 nm. However, Figure 4.16 illustrates the precipitate size distribution 
obtained from crept Alloy A which is a unimodal particle distribution. Half of the precipitates fall into 
the range of 50~150 nm while a few precipitates have a size above 400 nm. The average precipitate 
size may not adequately present the true size distribution. A Gaussian fit was applied to the particle 
size distribution in Figure 4.16; the mean was 126 nm and the full width at half maximum (FWHM) 
was 109 nm. Although the large precipitates (300~500 nm) have low frequency, they have a 
significant influence on the value of average precipitate size leading to the difference between the 
average precipitate size and the Gaussian mean. 
 
Table 4.4 Microstructural parameters of secondary Cr-carbide M23C6 in crept Alloy A 
Precipitate size  Interspacing 
Average precipitate size  Gaussian mean 
565 ± 66 nm 
159 ± 58 nm 126 nm 
 
 
Figure 4.16 Particle size distribution for crept Alloy A 
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4.3 Microstructure of heat treated Alloy A 
  To determine the effect which stress plays in microstructural evolution during creep, Alloy A was 
heat treated for 12 hours at 1000 oC. The resulting specimen is referred to as HT-12 Alloy A. The heat 
treatment process is described in Section 3.2.  Figure 4.17 illustrates the BSE images obtained from as 
cast Alloy A, crept Alloy A and HT-12 Alloy A. The microstructure of HT-12 shows no significant 
difference from crept Alloy A. The area fractions for the various carbides in HT-12 Alloy A are listed 
in Tables 4.5. The evolution of the area fraction of primary carbides from as cast Alloy A to HT-12 
Alloy A shows the same tendency from as cast Alloy A to crept Alloy A. The area fraction of primary 
Cr-carbide increased from 3.89 % to 4.76 % while the area fraction of primary Nb-carbide increased 
from 1.40 % to 1.46 %. However, for secondary Cr-carbide, the area fractions in crept Alloy A and 












Table 4.5 Area fractions of various carbides in as-cast, crept and HT-12 Alloy A 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Primary Nb-carbide 
As-cast Alloy A 3.89±0.17 --- 1.40±0.07 
Crept Alloy A 5.25±0.26 1.75±0.14 1.60±0.07 
HT-12 Alloy A 4.76±0.33 1.72±0.12 1.46±0.08 
 
  The microstructural parameters of HT-12 Alloy A were also measured. In HT-12 Alloy A, the 
average precipitate size is 125 nm and the interspacing 405 nm, which are both smaller than those of 
crept Alloy A. Meanwhile, as shown in Figure 4.16, more than 60 % of precipitates are below 100 nm. 
The largest precipitate size found in HT-12 Alloy A is around 350 nm. A Gaussian fit applied to 
Figure 4.18 also indicates that HT-12 Alloy A has a narrower particle distribution, where the full 
width at half maximum is 78 nm and the mean is 94 nm. 
 





Average precipitate size Gaussian mean 
Crept Alloy A 159 ± 58 nm 126 nm 565 ± 66 nm 














4.4 Summary of results 
1. The microstructure of as-cast Alloy A contains austenitic matrix and a primary precipitation   
network, which is a combination of primary Cr-carbides (M7C3) and primary Nb-carbides (NbC); 
2. In crept Alloy A, the primary Cr-carbides transformed from M7C3 to M23C6 while the primary Nb-
carbides remain NbC type. Area fractions of primary Cr-carbides and primary Nb-carbides both 
increased after creep; 
3. After creep, secondary precipitation was observed within the matrix, which are identified as 
secondary Cr-carbides (M23C6) and finely sized particles (NbN). Furthermore, the secondary Cr-
carbides M23C6 has an orientation relationship with austenite  {110}𝛾 ∥  {110}𝑀23𝐶6  and 〈110〉𝛾 ∥
〈110〉𝑀23𝐶6; 
4. The microstructural parameters of secondary Cr-carbides (M23C6) were measured, i.e. the average 
precipitate size is 159 ± 58 nm and interspacing is 565 ± 66 nm. The precipitate size distribution of 
secondary Cr-carbides (M23C6) shows a unimodal distribution with a Gaussian mean of 126 nm and a 
full width at half maximum of 109 nm; 
5. G-phase, which is likely transformed from NbC, was observed in crept Alloy A at the interface 
between the primary Cr-carbide and the matrix; 
6. In HT-12 Alloy A (without stress), the area fractions of various carbides and the average precipitate 
size of secondary Cr-carbides are both smaller than those of crept Alloy A (with stress), indicating that 






4.5.1 Microstructure of Alloy A 
 
  As shown in Table 3.1, the HP 40 austenitic stainless steels contain up to approximately 0.45 wt% 
carbon. However, the solubility of carbon in austenite is strongly dependent on the temperature. The 
solid solubility curve for carbon in Fe-18Cr stainless steels is shown in Figure 4.19, indicating that the 
carbon solubility in austenite decreases rapidly as the temperature decreases. In addition, a high Ni 
content also decreases the carbon solubility.  
 
 
Figure 4.19 Influence of temperature and nickel content on the carbon solubility in Fe-18Cr austenite 




  The carbon solubility in equilibrium with Cr-carbide [139] and Nb-carbide [47] in AISI316 stainless 
steels (18Cr-12Ni) was determined experimentally as: 
 
𝑙𝑜𝑔([𝐶]) = 7.771 −
6272
𝑇
 --- Equation 4.1 
𝑙𝑜𝑔[𝑁𝑏][𝐶] = 4.55 −
9350
𝑇
 --- Equation 4.2 
 
These relations give the solubility of chromium carbide as 0.069 wt% and that of niobium carbide 
as 0.0016 wt% at 1000 oC. Although these values are based on AISI316 austenitic stainless steels and 
will be different from the values in HP40 austenitic stainless steels, it is obvious that the solubility of 
carbides in austenite (0.069 wt%) is much smaller than the carbon content in Alloy A (0.46 wt%). 
Meanwhile, the thermodynamic calculation by JMat Pro shows that the solubility of carbon in HP40 at 
1000 oC is 0.103 wt%. Therefore, the rapid solidification to room temperature during casting will lead 
to the formation of a carbide network, which is in agreement with the observations on as-cast Alloy A, 
shown in Figure 4.2. 
The presence of NbC in austenitic stainless steels is expected even for very low carbon content 
since Nb is such a strong carbide former. NbC generally forms at high temperature directly from the 
liquid and is quite stable after solidification to room temperature.  
As discussed in Section 2.3.2, several Cr-carbides can be present in austenitic stainless steels, such 
as M2C, M7C3, M23C6 and M6C (with increasing M/C ratio). Figure 4.20 demonstrates the solubility of 
carbon and the effect of nickel in Fe-18Cr based austenitic stainless steels, indicating that the 
predominant carbide is M23C6 while M7C3 can form at very high carbon levels. This is because the 
formation of M7C3 needs more carbon than M23C6 at the same Cr concentration i.e. the atomic M/C 




Figure 4.20 Solid solubility of carbon in Fe-18Cr steels showing that M23C6 is the predominant carbide 
while M7C3 can form at high carbon levels [47] 
 
  Gregolin and Alcantara [140] developed a solidification model for Fe-Cr-Nb-C alloys in the white 
cast iron range. Experimental measurements yield the precipitation sequence shown in Figure 4.21. 
According to them, NbC is the first phase formed from the liquid, followed by M7C3. Then a reaction 
L → γ + 𝑀7𝐶3 leads to a eutectic or so-called ‘Chinese script’ structure, which was also observed in a 
white iron containing 2.1 wt% C, 14.7 wt% Cr and 1.0 wt% Nb and is shown in Figure 4.22. The same 
eutectic structure was found in as-cast Alloy A as shown in Figure 4.3 (a) & (b), indicating that the 









Figure 4.22 SEM of a white iron containing 2.1 wt% C, 14.7 wt% Cr and 1.0 wt% Nb illustrating a 




 Figure 4.23 Thermodynamic simulation of Alloy A by JMat Pro  
A thermodynamic simulation using JMat Pro is shown in Figure 4.23. There is one main difference 
between the results shown in Figure 4.21 and the JMat Pro simulation: the austenite forms in the liquid 
before NbC due to the high concentration of nickel, which is an austenite stabiliser. 
Therefore, the solidification sequence of HP40 alloys during casting is: 
L 
           ↓     ← γ 
L + γ 
               ↓     ← MC 
L + γ + MC 
                                ↓     ← L → γ + M7C3 
L + γ + MC + M7C3 
↓ 




  The austenite is the first to solidify from the liquid and forms the primary dendrite cells. The next 
precipitation is of MC, which prefers to nucleate around the cell boundaries; most of the MC-carbides 
have a rod-like morphology as shown in Figure 4.3 (c) and (d). When the temperature further 
decreases, the reaction L → γ + 𝑀7𝐶3 also occurs along the austenite cell boundaries and leads to a 
eutectic structure (Figure 4.3 (a) & (b)). At the end of solidification, the as-cast microstructure of 
Alloy A will be austenitic matrix surrounded by primary Cr-carbides (M7C3) and primary Nb-carbides 
(NbC), which form a fragmented network. 
Although the primary Cr-carbide after rapid solidification is of the M7C3 type, a transformation 
from M7C3 to M23C6, which was found in crept Alloy A by XRD (Figure 4.6 (b)), has also been found 
in 17Cr-0.5C ferritic steel [142], 25Cr-0.45C-Co superalloy [33], 29Cr-0.33C ferritic steels [34] and 
30Cr-2.3C cast iron [35]. M23C6 is more thermodynamically stable than M7C3 since the free energies 
of carbide formation are ~15 kJ/mol for M23C6 [143] and ~40 kJ/mol for M7C3 [144] respectively in 
the Fe-Cr-C system at 1000 oC. Therefore, when alloys are heated to service temperature (1000 oC), 
the primary Cr-carbide will transform from metastable M7C3 to stable M23C6 to reduce the system free 
energy. 
In as-cast Alloy A, some NbC carbides were observed within the eutectic γ + M7C3 as shown in 
Figure 4.4. Vardavoulias et al. [34] found that the transformation from M23C6 carbides to M7C3 
carbides introduced an increase in volume, which was 20~25% as determined by quantitative 
metallography. As a consequence of the volume increase and further particle growth, the M23C6 
carbides will cluster together and form a continuous primary carbide along the austenite cell 
boundaries as observed in crept Alloy A (Figure 4.7 (a)).  When the M23C6 carbides cluster together, 
the NbC which is originally within the eutectic structure will be surrounded by M23C6, like the particle 
2 observed in Figure 4.8 (e). 
The instability of the NbC, which are at the interface between the primary carbides and the matrix, 
has been found in niobium alloyed steels, like 20/25 Nb steel [57] and HP40 [60, 61, 63], i.e. a 
transformation from NbC to G-phase will take place at elevated temperature, which is in agreement 
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with the observations in crept Alloy A (Figure 4.8 & 4.9). Normally, this transformation takes place 
when the temperature is above 700 oC. However, Soares et al. [60] found there was no G-phase in a 
HP40 steel held at 1100 oC, indicating that the maximum temperature for the stability of G-phase is 
around 1000 oC. Furthermore, the increase in Si content will enhance the transformation of G-phase 
[61]. Since the Si concentrates around the grain boundaries during solidification [17], the formation of 
G-phase is preferred at the interface between the primary carbides and the matrix.   
Although niobium is a strong carbide former and precipitation of primary NbC drastically reduces 
the matrix carbon content, some carbon remains available for later secondary precipitation during 
creep. This is because the minimum niobium content required to stabilize all the carbon is normally 
eight times the carbon content [22], while in Alloy A the niobium content is 0.97 wt% and carbon is 
0.46 wt%, i.e. available carbon content is around 0.3 wt%. Therefore, when as-cast Alloy A was 
heated up and held at 1000 oC, the available carbon combined with the high Cr concentration in the 
austenite matrix leads to the formation of secondary Cr-carbide, which is M23C6 type due to its 
relatively low formation energy. This is confirmed by the TEM analysis in Figure 4.7 (c) on secondary 
Cr-carbide in crept Alloy A. The precipitation of NbN (Figure 4.13 & 4.14) follows the same 
mechanism on the formation of secondary Cr-carbide, which is the combination of available nitrogen 
and niobium in the matrix. 
With a beam direction of <110> as shown in Figure 4.24, the secondary M23C6 carbides in the 
matrix are all rhombic with interfacial angles of 70o and 110o. Beckett and Clark [31] determined that 
the M23C6 has surfaces of {110} and {111}[61] planes as illustrated in Figure 4.25. There are four 
rectangular faces of {111} type with side: length ratio 1.154:1.000. The other two faces are {110} and 
are rhombic with angles of 70.53o and 109.47o. Therefore, when the {110} interface is perpendicular 
to the electron beam, the precipitate will be rhombic and the interfacial angles will be 70.53o and 




Figure 4.24 TEM BF image of crept Alloy A from a <110> zones illustrating that the secondary M23C6 
carbides in the matrix are all rhombic with interfacial angles of 70o and 110o
 
Figure 4.25 Schematic image of a M23C6 particle formed in the austenite matrix [31] 
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4.5.2 Effect of stress on precipitation 
 
  The difference between crept Alloy A and HT-12 Alloy A is the external stress. It is apparent that, 
for the same temperature and time, the area fractions of the various carbides and the average size of 
the secondary Cr-carbides are greater in crept Alloy A, as described in Section 4.3. It is concluded that 
the stress can enhance coarsening of Alloy A precipitate during creep. A similar observation of the 
coarsening of M23C6 carbides being accelerated by creep was found by Hattestrand and Andren [145] 
in a 9% Cr steel. 
 
The coarsening behaviour of the precipitates follows diffusion controlled Ostwald ripening theory, 
where the smaller precipitates will decompose and their mass will transport to the larger precipitates 
by diffusion. Based on the analysis by Lifshitz and Slyozov [146], the coarsening rate, K, can be 
calculated by Equation 4.3:  








𝑖=1   --- Equation 4.3 
matrix in theelement  of coefficentDiffusion  
matrix in theelement  ofion Concentrat 
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  For equation 4.3 at elevated temperature and stress, the interfacial energy, molar volume and 
concentration of element can be considered as constants. Therefore, the most important parameter 




Diffusion is controlled by vacancy migration. An external stress on the material will lead to a 
distortion of the crystal symmetry. For example, an external tensile stress on a fcc crystal produces a 
strain along the tensile direction, which results in lattice distortion. The uniaxial tensile stress distorts 
the crystal symmetry, turning a cubic crystal into a slightly tetragonal one, as illustrated in Figure 4.26. 
Consequently, the vacancy migration rate becomes different due to the distortion of the crystal and its 
reduction of symmetry, which alter the vacancy jump distance and the diffusion energy barrier. Based 
on this idea that the distortion of the crystal symmetry by stress will lead to a change in vacancy 
migration, Chen et al. [147] proposed a simple model which predicts the effect of an applied stress 
parallel to [001] on D in the age forming of a 7XXX alloy.  Figure 4.27 illustrates that the diffusion 
coefficient ratios of age forming (with stress) to traditional aging (without stress) changed with stress. 
This image suggests that the diffusion coefficient rises quickly with increasing stress. For instance, 









Figure 4.27 Variation of ratio of diffusion coefficient with stress to that without stress as a function of 
stress [147] 
  Another method whereby stress can have an influence on the diffusion coefficient is via the 
activation energy of diffusion. With an increase of tensile stress, both the vacancy formation enthalpy 
and the migration activation enthalpy decrease [148], as shown in Figure 4.28. This indicates that 
stress will reduce the energy barrier to vacancy diffusion and furthermore enhance diffusion and the 
coarsening of precipitates. 
 




An alternative explanation involves pipe diffusion along dislocation. During creep, plastic 
deformation involves the production and movement of dislocations. Dislocations can provide easier 
diffusion paths since pipe diffusion through the dislocations is much faster than lattice diffusion 
through the matrix. It has been suggested by Eggeler [149] that a higher dislocation density is 
maintained during creep as compared to during isothermal ageing. It is clear that a higher dislocation 
density obtained by stress could increase the coarsening rate of the precipitates via this route.  
 
  However, Spigarelli et al. [150] found that acceleration via pipe diffusion does not describe with 
sufficient accuracy the experimental variation of the coarsening constant with applied stress on T91 
steel (9Cr-Mo-Nb-V-N). For this reason, an empirical equation was developed. 
𝐾 = 𝐾𝑜𝑒𝑥𝑝[𝑘(𝜎/𝐸)
𝑝] --- Equation 4.4 
parametersdependent  eTemperatur ,
modulus sYoung' 
stress Applied 
stresst without coefficien rate Coarsening 











   
 
  Although there are no explanations of the temperature dependent parameters k and p in Equation 4.4, 
the corresponding curve calculated via Equation 4.4 gave good agreement with experimental 





Figure 4.29 Variation of coarsening constant K with stress at 873 K and the curve calculated by 
Equation 4.4 [150] 
 
  In summary, the stress can enhance the precipitate coarsening behaviour of Alloy A during creep. 
The actual mechanism of how the applied stress accelerates the coarsening rate of the precipitates 
probably involves a combination of different effects of stress: distortion of the crystal symmetry, 










1. During casting of HP40, austenite is the first to solidify from the liquid and forms primary dendrite 
cells followed by the precipitation of NbC and eutectic reaction L → γ + 𝑀7𝐶3. This solidification 
sequence leads to the as-cast microstructure of Alloy A, which contains austenitic matrix and a 
primary precipitation network (primary Cr-carbides (M7C3) and primary Nb-carbides (NbC)); 
 
2. In crept Alloy A, the primary Cr-carbides transformed from metastable M7C3 to stable M23C6 to 
reduce the system free energy. G-phase, which is likely transformed from NbC, was observed in crept 
Alloy A at the interface between the primary Cr-carbide and the matrix due to the instability of the 
NbC. Area fractions of primary Cr-carbides and primary Nb-carbides both increased after creep due to 
the growth of precipitates; 
 
3. After creep, secondary precipitation was observed within the matrix due to the supersaturation of 
the matrix solid solution, which are identified as secondary Cr-carbides (M23C6) and fine particles 
(NbN). The microstructural parameters of secondary Cr-carbides (M23C6) were measured, i.e. the 
precipitate size distribution of secondary Cr-carbides (M23C6) shows a unimodal distribution with a 
Gaussian mean of 126 nm and a full width at half maximum of 109 nm; 
 
4. In HT-12 Alloy A (without stress), the area fractions of various carbides and the average precipitate 
size of secondary Cr-carbides are both smaller than those of crept Alloy A (with stress), indicating that 
the stress can enhance the coarsening of precipitate by accelerating the diffusion coefficient (distortion 
of the crystal symmetry and reduction of diffusion activation) and providing easier diffusion paths 
(increase of dislocation density). 
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Chapter 5 Effect of chemical composition on 
microstructure of HP40 (Alloy B c.f. Alloy A) 
5.1 Microstructure of as-cast Alloy B 
 
  Figure 5.1 shows the microstructure of as-cast Alloy B obtained by BSE. Primary Cr-carbide (M7C3) 
and primary Nb-carbide (NbC) form a fragmented network, which surrounds the austenitic matrix. The 
primary Cr-carbide and primary Nb-carbide are both composed of granular and acicular morphologies. 
   
The area fractions of primary Cr-carbide and primary Nb-carbide are also measured and listed in Table 
5.1: 2.75 % for M7C3 and 1.34 % for NbC. Although the Cr concentrations in Alloy A and Alloy B are 
quite similar (24.25 wt.% in Alloy A and 24.66 wt.% in Alloy B (Table 3.1)), as-cast Alloy B contains 
much less M7C3 than as-cast Alloy A. The amounts of primary Nb-carbide in as-cast Alloy A and as-
cast Alloy B are, however, similar (1.40 % and 1.34 % respectively). 
 
  







Table 5.1 Area fractions of various carbides in as-cast and crept Alloy A and Alloy B 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Primary Nb-carbide 
As-cast Alloy A 3.89±0.17 --- 1.40±0.07 
As-cast Alloy B 2.75±0.08 --- 1.34±0.11 
Crept Alloy A 5.25±0.26 1.75±0.14 1.60±0.07 




5.2 Microstructure of crept Alloy B 
 
  The microstructure of crept Alloy B (1000 ˚C and 40 MPa for 14 hours) is illustrated in Figure 5.2. 
After creep, the primary Cr-carbide transformed from M7C3 to M23C6 while the primary Nb-carbide 
remained as NbC type. The primary network of chromium carbides also coalesced and enlarged during 
creep. The area fraction of primary Cr-carbides increased from 2.75 % to 2.82 % during creep whilst 
that of the primary Nb-carbides remained as 1.34 %, (Table 5.1). 
  Secondary precipitation, M23C6, is also observed within the matrix and most of these secondary 
precipitates are found 0~2μm from the primary carbides. The area fraction of secondary Cr-carbide in 
crept Alloy B is 0.86 %, only half that observed in crept Alloy A. The precipitate size of secondary Cr-
carbide (M23C6) in crept Alloy B was measured. The average precipitate size in crept Alloy B was 136 
nm. A Gaussian fit applied to the particle size distribution indicated that a mean of 110 nm and FWHM 




Figure 5.2 (a) Low magnification and (b) high magnification BSE images obtained from crept Alloy B 
 
Table 5.2 Microstructural parameters for secondary Cr-carbide M23C6 in crept Alloy A and crept Alloy 
B 
Specimens Precipitate size 
Interspacing 
Average precipitate size  Gaussian mean 
Crept Alloy A 159 ± 58 nm 126 nm 565 ± 66 nm 
Crept Alloy B 136 ± 68 nm 110 nm 497 ± 149 nm 
 
 




5.3 Thermodynamic simulation of microstructure of HP40 using 
JMat Pro 
 
  To determine the effect of chemical concentration on the microstructure, thermodynamic simulation 
via JMat Pro 6.2 was carried out and compared with the experimental results, indicating which phases 
were present and their amounts.  
 
  Figure 5.4 illustrates the volume fractions of the equilibrium phases of Alloy A, Alloy B and Alloy C 
as a function of temperature. At the creep test temperature (1000 oC), four phases, i.e. austenite, MC 
(M = Nb), MN (M = Nb) and M23C6 (M = Cr, Fe, Ni and Mn), exist in all three alloys. The simulation 
is substantially in agreement with experimental observation with one main difference. The simulation 
could not distinguish primary M23C6 from secondary M23C6.  
 
 
Table 5.3 Phases in Alloy A and Alloy B via simulation and experiment 
Phases at 1000 oC 
Simulation 
Alloy A γ-Fe, M23C6, MC, MN 
Alloy B γ-Fe, M23C6, MC, MN 
Alloy C γ-Fe, M23C6, MC, MN 
Experiment 
Alloy A γ-Fe, M23C6, MC, MN, G-phase 
Alloy B γ-Fe, M23C6, MC, MN, G-phase 









Figure 5.4 Phase simulations for (a) Alloy A, (b) Alloy B and (c) Alloy C 
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  The volume fractions of carbides at 1000 oC are listed in Table 5.4. The simulated volume fractions 
were compared with area fractions measured from crept Alloy A, crept Alloy B and crept C since the 
area fraction is equal to the volume fraction. From Table 5.4, simulation indicates that Alloy A 
contains more Cr-carbide than Alloy B which is in agreement with experimental measurements. The 
fractions of Cr-carbides for Alloys B and C from both simulated and experimental measurements are 
quite close since Alloy B and Alloy C have similar chemical compositions. However, for Nb-carbide, 
there is a contradiction between simulation and measurement. This contradiction can be explained by 
an inhomogeneous distribution of elements during the production process or by an insufficient holding 
time to reach equilibrium. 
 
 
Table 5.4 Fractions of various phases in crept Alloy A, crept Alloy B and crept Alloy C via simulation 
and experimental measurement 
Specimen 
Fractions of various phases %  
Cr-carbide Nb-carbide 
Crept Alloy A 7.00 ± 0.40 1.60 ± 0.07 
Simulation Alloy A 6.77 1.14 
Crept Alloy B 3.68 ± 0.63 1.34 ± 0.10 
Simulation Alloy B 5.51 1.58 
Crept Alloy C 3.76 ± 0.59 1.93 ± 0.06 








5.4 Microstructure of heat treated Alloy B 
 
  As discussed in Section 2.4.4, at a temperature of 1000˚C and stress of 40MPa, the creep life of Alloy 
B is 124 hours. However, the current observations of the microstructure are for Alloy B crept for only 
14 hours i.e. 10% of the whole creep life. To understand the microstructural evolution during long-term 
creep, heat treatments for Alloy B at 1000 oC from 1 to 150 hours were carried out; the detailed heat 
treatment process was described in Section 3.2.   
 
    Figure 5.5 illustrates BSE images of heat treated Alloy B, from HT-1 Alloy B to HT-150 Alloy B. 
The primary carbide network has enlarged and become more globular in morphology with the increase 
of heat treatment time. More Cr-carbide nucleated and grew. For example, in HT-150 Alloy B, the gaps 
between primary Nb-carbide were filled by Cr-carbides and most of the dendrite cell boundaries were 
covered by the continuous carbide network. 
 
  Secondary Cr-carbides were observed in all ten heat treated specimens, even in HT-1 Alloy B. During 
the heat treatments, the secondary Cr-carbide coarsened: the smallest precipitates decompose and their 
mass is transported towards the larger precipitates by diffusion. This coarsening process will continue 
until all the secondary precipitates have dissolved and their mass absorbed by the primary chromium 
network. A typical over-aged microstructure is presented in Figure 5.6 where the material had been 
prolonged service. The secondary phases have dissolved and the precipitates at the cell boundaries or 
















(a) HT-1 Alloy B (b) HT-2 Alloy B 
(c) HT-5 Alloy B (d) HT-10 Alloy B 





Figure 5.5 BSE images (a)-(j) obtained from Alloy B, HT-1 to HT-150 
 
 
Figure 5.6 Optical micrograph of HP40 alloy after service of 150000 hours at 950°C [17] 
30µm 
(g) HT-40 Alloy B (h) HT-50 Alloy B 
(i) HT-100 Alloy B (j) HT-150 Alloy B 
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 The area fractions for primary Cr-carbide, primary Nb-carbide and secondary Cr-carbide in heat treated 
specimens were also measured (Table 5.5 and Figure 5.7) while the fourth column in Table 5.5, area 
fraction of Cr-carbide, is the combination of the area fractions of primary and secondary Cr-carbide. 
The area fraction of primary Cr-carbide fluctuates at first and then increases continuously from 20 hours; 
after heat treating for 50 hours, the coarsening rate becomes slightly lower. The area fraction of 
secondary Cr-carbide started to increase from the beginning by about three times from 0.83 % to 2.34 
% after holding at 1000 oC for 150 hours. The area fraction of primary Nb-carbide becomes nearly 
constant for 100 hours and 150 hours after showing a significant increase between 1 hour and 50 hours. 
Furthermore, as shown in Table 5.4, the simulated fraction of Cr-carbide in Alloy B is 5.47%, which is 
close to the area fraction of Cr-carbide obtained from HT-150 Alloy B (5.55%), indicating that the 
microstructure is approaching the equilibrium condition after 150 hours’ heat treatment. 
Table 5.5 Area fractions of various carbides in heat treated Alloy B 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Cr-carbide (Total) Primary Nb-carbide 
As-cast 2.75±0.08 --- 2.75±0.08 1.34±0.11 
HT-1 2.40±0.06 0.83±0.43 3.23±0.37 1.35±0.03 
HT-2 2.10±0.16 1.04±0.37 3.14±0.21 1.46±0.07 
HT-5 3.05±0.28 1.08±0.41 4.13±0.13 1.51±0.08 
HT-10 2.77±0.06 1.34±0.20 4.11±0.26 1.49±0.09 
HT-20 2.43±0.19 1.66±0.40 4.09±0.21 1.50±0.06 
HT-30 2.47±0.09 1.83±0.27 4.30±0.18 1.54±0.09 
HT-40 2.66±0.08 1.93±0.36 4.59±0.28 1.56±0.10 
HT-50 2.82±0.05 1.94±0.18 4.76±0.23 1.56±0.10 
 HT-100 2.92±0.11 2.18±0.20 5.10±0.31 1.59±0.05 




















Figure 5.7 Area fractions of (a) Cr-carbide; (b) primary Cr-carbide, (c) secondary Cr-carbide and (d) 
primary Nb-carbide for Alloy B as a function of heat treatment time 
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  The precipitate sizes of the secondary Cr-carbide in the heat treated specimens were measured and are 
listed in Table 5.6. The size of the secondary Cr-carbide precipitates increased rapidly to 76 nm after 
only 1 hour heat treatment. Then the precipitates continue to grow to 135 nm at 150 hours. It is obvious 
that the coarsening rate of the secondary Cr-carbides from HT-1 Alloy B to HT-40 Alloy B is much 
larger than that from HT-40 Alloy B to HT-150 Alloy B, as shown in Figure 5.8. The precipitate sizes 
for HT-100 and HT-150 are close: 134 nm for HT-100 and 135 nm for HT-150, indicating that the 
coarsening of secondary Cr-carbide is nearly complete at around 100 hours at 1000 oC.  
 
 
Figure 5.8 Secondary Cr-carbide precipitate size in Alloy B as a function of heat treatment time at 
1000 oC (scatters are shown in Table 5.6) 
Table 5.6 Microstructural parameters of secondary Cr-carbide M23C6 in heat treated Alloy B 
Specimens Precipitate size 
Interspacing 
Average precipitate size  Gaussian mean 
Alloy B HT-1 76 ± 37 nm 64 nm 267 ± 60 nm 
Alloy B HT-2  95 ± 38 nm 81 nm 300 ± 54 nm 
Alloy B HT-5 97 ± 52 nm 78 nm 335 ± 79 nm 
Alloy B HT-10 102 ± 59 nm 84 nm 379 ± 63 nm 
Alloy B HT-20 110 ± 52 nm 93 nm 416 ± 91 nm 
Alloy B HT-30 124 ± 74 nm 90 nm 414 ± 108 nm 
Alloy B HT-40 127 ± 74 nm 94 nm 440 ± 87 nm 
Alloy B HT-50 126 ± 71 nm 99 nm 467 ± 90 nm 
Alloy B HT-100 134 ± 84 nm 102 nm 497 ± 106 nm 




  The precipitate size distributions of the secondary Cr-carbide in heat treated Alloy B are shown in 
Figure 5.9. The distributions for HT-1, HT-2 and HT-5 Alloy B are narrow. For example, the full 
width at half maximum (FWHM) of HT-1 Alloy B is 58 nm, while the FWHM of HT-150 Alloy B is 
nearly twice that (99 nm). Meanwhile, the highest frequency in the distributions decreases with 
increasing heat treatment time, from around 0.30 in HT-1 Alloy B to around 0.15 in HT-150 Alloy B. 
To present succinctly the time dependence of precipitate size distribution, the fitted Gaussian from 



























   
Figure 5.9 Particle size distributions of the secondary Cr carbide obtained from HT-1 Alloy B to HT-
150 Alloy B 
  
Figure 5.10 Gaussian fits for Alloy B, HT-1, 10 and 100 
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  The coarsening behaviour of secondary Cr-carbide follows Ostwald ripening theory, where the 
smaller precipitates will decompose and their mass will transport to the larger precipitates by 
diffusion. The coarsening rate of secondary Cr-carbide can be calculated by Equation 5.2:  
 
𝑅3 − 𝑅𝑜
3 = 𝐾𝑡 --- Equation 5.2 
where t is the heat treatment time, K is the coarsening rate Ro and R are the precipitate sizes at certain 
heat treatment time.  
 
(Precipitate size)3 was plotted against (time) in Figure 5.11 (a) and a linear fit regressed. The linear fit 
shows a slope of 3.4, which suggests that the coarsening rate K is 3.4 nm-3s-1. However, as illustrated 
in Figure 5.11 (a), the linear fit is not very good and R-square is only 0.68. Since the theory of 
Ostwald ripening is based on the assumption that the solute content in the matrix is nearly at 
equilibrium; in the initial stage a longer holding time is needed to fulfil this assumption. In the early 
stage of heat treatment, only part of the precipitates can be considered as coarsening while some of the 
precipitates are still in nucleation or growth stage. 
A log plot was applied to (precipitate size) - (time) with a quite good fit (R-square of 0.93), as shown 
in Figure 5.11 (b), indicating that at the beginning of heat treatment the secondary Cr-carbides still 
grew and coarsened after 40 hours. The linear fit was then restricted to Alloy B HT-40 to HT-150 
(Figure 5.11 (c)), leading to a much better fit (R2 = 0.81) and a much smaller coarsening rate of 1.2 
nm-3s-1.  
 
Table 5.7 Coarsening rates of secondary Cr-carbide in heat treated Alloy B 
Coarsening rate 
Secondary Cr-carbides 
HT-1 to HT-150 HT-40 to HT-150 
Calculation / nm-3s-1 3.4 1.2 









Figure 5.11 (a) (Precipitate size)3 - (time) linear fit for Alloy B HT-1 to HT-150; (b) (Precipitate size) 
– (time) log fit for Alloy B HT-1 to HT-150 and (c) (Precipitate size)3 - (time) linear fit for Alloy B 
HT-40 to HT-150 
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5.5 Summary of results 
 
1. Larger area fractions of primary Cr-carbide (3.89 %) and primary Nb-carbide (1.40 %) were 
observed in as-cast Alloy A compared with as-cast Alloy B (2.75 % for primary Cr-carbide and 
1.34 % for primary Nb-carbide); 
2. Secondary Cr-carbides (M23C6) were also observed in crept Alloy B, which has a smaller area 
fraction (0.86%) compared with that in crept Alloy A (1.75%). Meanwhile, the secondary Cr-carbides 
in crept Alloy B has a smaller average precipitate (136 ± 68 nm) than crept Alloy A (159 ± 58 nm); 
3. During heat treatment of Alloy B at 1000 oC from 1 to 150 hours, the area fraction of primary Cr-
carbide fluctuates at first and then increases from 20 hours while the area fractions of primary Nb-
carbide increases continuously from the beginning of heat treatment. The coarsening rate of primary 
Nb-carbide is lower than that of primary Cr-carbide; 
4. Secondary Cr-carbides were observed in heat treated specimens, even in HT-1 Alloy B. During the 
heat treatments, the size of the secondary Cr-carbide increased rapidly to 76 nm after only 1 hour heat 
treatment and then continued to grow to 135 nm at 150 hours. The precipitate sizes for HT-100 and 
HT-150 are close: 134 nm for HT-100 and 135 nm for HT-150;  
5. The precipitate size distributions of the secondary Cr-carbide for HT-1, HT-2 and HT-5 Alloy B are 
much narrower. For example, the full width at half maximum (FWHM) of HT-1 Alloy B is 58 nm, 
while the FWHM of HT-150 Alloy B is nearly twice that (99 nm). Meanwhile, the highest frequency 
in the distributions decreases with increasing heat treatment time, from around 0.30 in HT-1 Alloy B 
to around 0.15 in HT-150 Alloy B; 
6. The coarsening rate of secondary Cr-carbide was obtained by the linear fit of (Precipitate size)3- 






5.6.1 Effect of chemical composition on microstructure of HP40 
 
  From Table 3.1, the differences in chemical composition between Alloys A and B are that Alloy A 
contains more carbon (C), silicon (Si), manganese (Mn), nickel (Ni) and molybdenum (Mo) than 
Alloy B while Alloy B contains more nitrogen (N), chromium (Cr), niobium (Nb), tungsten (W) and 
iron (Fe) than Alloy A. 
  As shown in Table 5.1, as-cast Alloy A contains more primary Cr-carbide and primary Nb-carbide 
than as-cast Alloy B. The precipitation of primary carbides mainly depends on the content of carbon in 
the material, and Alloy A contains more carbon (0.46 wt%) than that of Alloy B (0.41 wt%). 
Meanwhile, some alloying elements have the effect of enhancing carbide precipitation. For example, 
as shown in Figure 4.19, the carbon solubility in Fe-18Cr austenitic stainless steel decreases with 
increasing nickel content [138]. Kawabe et al. [151] found that Mo has the effect of reducing the 
solubility of carbon and enhancing precipitation in AISI316 steel. The concentrations of Ni and Mo 
are both higher in Alloy A than in Alloy B, leading to an acceleration in carbide precipitation. 
Therefore, even though the concentrations of Cr and Nb in Alloy A are both less than those in Alloy 
B, larger area fractions of primary Cr-carbide (3.89 %) and primary Nb-carbide (1.40 %) were 
observed in as-cast Alloy A compared with as-cast Alloy B (2.75 % for primary Cr-carbide and 
1.34 % for primary Nb-carbide).  
  The effects of Ni and Mo in decreasing the carbon solubility and enhancing carbide precipitation can 
also explain the different contents of secondary Cr-carbide between two alloys after creep, where the 
area fraction of secondary Cr-carbide in crept Alloy A is 1.75 % and that in crept Alloy B is only 
0.86 %. Furthermore, Yan et al. [62] found that the addition of tungsten to HP40 can take away free 
carbon atoms and inhibit precipitation from the matrix. Thus, the existence of tungsten in crept Alloy 
B can suppress the formation of secondary Cr-carbide in the matrix and give rise to a smaller area 




Although the primary Cr-carbides in both Alloys A and B coarsened after creep (Table 5.1), the 
coarsening rates between two alloys appear to be different. It is obvious that the Alloy A coarsens 
more quickly, i.e. the ratio of primary Cr-carbide area fractions in as-cast and crept Alloy A is 1.35 
(5.25/3.89) while that ratio in Alloy B is only 1.02. This faster coarsening behaviour in Alloy A is also 
supported by the measurements of secondary Cr-carbide precipitate size, which are 159 nm in crept 
Alloy A and 136 nm in crept Alloy B.  
 
  As mentioned in Section 4.5.2, the coarsening behaviour of the precipitates follows diffusion 
controlled Ostwald ripening theory, where the smaller precipitates decompose and their mass 
transported to the larger precipitates by diffusion. The coarsening rate K, which is strongly dependent 
on the concentrations and diffusion rates of different elements in the carbide and matrix, can be 
calculated by Equation 4.3: 
 








𝑖=1   --- Equation 4.3 
matrix in theelement  of coefficentDiffusion  
matrix in theelement  ofion Concentrat 
eprecipitat in theelement  ofion Concentrat 























  The concentrations of different elements in M23C6 and the matrix at 1000 oC were obtained from 
simulation via JMat Pro. In this calculation, γ is 0.2 J/m2 [152] and the molar volume of M23C6 is  






Table 5.8 The chemical compositions of M23C6 and matrix in Alloys A and B predicted by JMat Pro 
Elements 
/ at % 
Alloy A Alloy B 
M23C6 Matrix M23C6 Matrix 
C 20.69 0.09 20.69 0.10 
N --- 0.05 --- 0.08 
Si --- 3.02 --- 2.05 
Fe 10.06 37.42 10.13 38.84 
Cr 66.21 22.03 66.57 23.39 
Mn 0.32 1.07 0.24 0.78 
Mo 0.24 0.01 0.05 0.01 
Nb 6.55×10-4 0.03 7.88×10-4 0.03 
Ni 2.47 36.27 2.31 34.73 
Ti 5.78×10-7 7.38×10-5 1.02×10-6 1.13×10-4 
W --- --- 0.12 0.01 
 
 
Table 5.9 Diffusion coefficients of different elements in pure γ-Fe [154] 
Elements Do / m2s-1 Qv / KJ/mol Dv / m2s-1 
C 2×103 254 7.55×10-8 
N 0.70×10-4 166 1.08×10-11 
Si 0.07×10-4 243 7.48×10-16 
Fe 4.08×10-4 311.1 7.03×10-17 
Cr 10.8×10-4 291.8 1.15×10-15 
Mn 0.16×10-4 261.7 2.91×10-16 
Mo 25.1×10-4 323.7 1.32×10-16 
Nb 0.75×10-4 264 1.11×10-15 
Ni 3.0×10-4 314 3.90×10-17 
Ti 2100×10-4 293.2 1.96×10-13 
W 0.509×10-4 272 3.51×10-16 
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 Table 5.10 Calculated coarsening rates of secondary Cr-carbide M23C6 in Alloy A and B 
Coarsening rate 
Secondary Cr-carbides 
Alloy A Alloy B 
Calculation / m-3s-1 8.64×10-27 8.48×10-27 
 
   
  The calculated coarsening rates of secondary Cr-carbide M23C6 in Alloy A and Alloy B based on 
Equation 4.3 are listed in Table 5.10. The calculated coarsening rates of the two alloys show that Alloy 
A has a slightly larger coarsening rate in agreement with the experimental measurements. Even though 
the larger concentration of Mo and its low diffusion rate in Alloy A can delay the coarsening of Cr-
carbides, the combined effects of more iron, titanium and tungsten in Alloy B lead to a smaller 
coarsening rate for M23C6.  
 
  However, two things may influence the accuracy of the calculation. Firstly, the concentrations of 
elements from the JMat Pro simulation are for equilibrium, while the as-cast alloys originally formed 
via non-equilibrium solidification leading to a supersaturated solid solution of elements in the matrix. 
Also, the niobium and titanium can reduce the matrix carbon content and retard the growth of M23C6 
due to the formation of intragranular Nb(C, N) [22]. Secondly, the diffusion coefficients involved in 
the calculation are those for pure γ-Fe and in reality some elements [155], such as nitrogen, will have a 
strong influence on the diffusion behaviour of other alloying elements in the austenite. Thier et al. 
[156] found that nitrogen reduces the diffusivity of carbon and chromium and therefore delays the 
coarsening rate of M23C6. Furthermore, another effect of nitrogen on coarsening rate is to decrease the 
mismatch between M23C6 and austenite [50], which can reduce the interfacial energy between M23C6 
and austenite and thus inhibit coarsening.  
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5.6.2 Precipitation evolution in Alloy B 
 
  As shown in Section 5.4, to understand the microstructural evolution during long-term creep, heat 
treatments for Alloy B at 1000 oC from 1 to 150 hours were carried out.  The area fractions for primary 
Cr-carbide, primary Nb-carbide and secondary Cr-carbide for heat treated Alloy B (HT-1 to HT-150) 
were measured (Table 5.5 and Figure 5.7). 
 
  It is interesting that the area fractions of both the primary Nb-carbide and secondary Cr-carbide 
increase continuously from the beginning of heat treatment while the area fraction of primary Cr-
carbide fluctuates at first and then increases from 20 hours. As discussed in Section 4.5.1, for the as-
cast condition, the primary Cr-carbide in HP40 is M7C3 type which transforms to M23C6 during creep, 
indicating that the M7C3 is relatively unstable at 1000 oC. Therefore, besides the transformation from 
M7C3 to M23C6, the dissolution of primary M7C3-carbide is also expected to progress during the heat 
treatments.  
 
Dissolution of M7C3 has been widely observed in ferritic and austenitic steels during heat treatments 
[33, 66, 157-160]. However, the dissolution temperature of M7C3 can be anywhere over a large 
temperature range due to the different chemical compositions in steels. Based on the analysis of four 
different alloyed 18Cr steels heat treated at 1100 oC, Kuzucu et al. [66] found that the initial 
temperatures of dissolution of these phases is about 850 oC, but the final temperatures for the 
completion of M7C3 dissolution vary from 1000 to 1098 oC. Jiang et al. [157] gave a similar initial 
dissolution temperature of M7C3, which is around 900 oC in a 0.45C-25Cr-11Ni-Co superalloy. 
However, the dissolution was not detected above 1100 oC in a 6.8Cr tool steel [158] and the maximum 
temperature for dissolution in a 23Cr-N steel was found to be 1050 oC [159].  In summary, the 
temperature range of M7C3 dissolution is 850~1100 oC while the holding temperature for heat treated 





  The dissolution of M7C3 will lead to a progressive reduction in the area fraction of the carbides, as 
confirmed by an in situ observation of dissolution of carbides in a Fe-1.72Cr-2.54C steel [161]. The 
temperature will change significantly the time to complete the dissolution. However, the time to 
complete the dissolution is dependent on the temperature. For example, according to simulation of Fe-
Cr-C by John Argen [160], at 1200 oC, complete dissolution of M7C3 in austenite requires about 15 
min whereas 1.5 min is sufficient at 1260 oC (Figure 5.12). This difference is mainly due to the 











  Based on the work of Masoumi et al. [162], the dissolution of a spherical precipitate under diffusion 












] --- Equation 5.1 
 
The solution to Equation 5.1 is: 






 --- Equation 5.2 
 
where rt is the particle radius after ‘t’ seconds, ro is the initial precipitate radius (in as-cast Alloy B). 
The time when rt decreases to zero is the completion of dissolution. D is the diffusion coefficient of Cr 






𝑒  --- Equation 5.3 
 
where co is the solute concentration in the matrix, 𝑐𝑖
𝑒and 𝑐𝑝
𝑒 are equilibrium solute concentrations at the 
precipitate-matrix interface and in the precipitate respectively. The values co, 𝑐𝑖
𝑒 and 𝑐𝑝
𝑒 were 
determined by JMat Pro, leading to a k of 0.16. 
  
 The diffusion coefficient of Cr in γ-Fe at 1000 oC is listed in Table 5.9, as 1.15×10-15 m2/s. 
However, this model is based on the assumption that the precipitate is spherical while in Alloy B the 
primary M7C3 is granular and acicular. To solve this problem, the areas of fifty primary M7C3-carbides 
in as-cast Alloy B were measured to define an equivalent radius re based on Equation 5.4: 
𝐴 = 𝜋(𝑟𝑒)
2 --- Equation 5.4 
 
The average area for primary M7C3-carbides (fifty measurements) in as-cast Alloy B is 16.41 μm2, 




Figure 5.13 Schematic of the radius evolution during dissolution  
 Importing all the necessary values into Equation 5.2, the predicted time to complete the dissolution of 
M7C3 in Alloy B is 41830 seconds (11.6 hours) while the experimental measurement shows that the 
minimum area fraction of primary M7C3-carbide was observed in HT-2 Alloy B (2 hours). However, 
the area fraction increases again from HT-2 to HT-5. Jiang et al. [33] found the dissolution of M7C3 
provided the precipitation of M23C6 with essential carbon. The carbon leads to a rapid nucleation and 
growth of M23C6, which is faster than the dissolution of M7C3. The combination of M7C3 dissolution 
and M23C6 growth is reflected: the re-increase in area fraction of primary Cr-carbide from HT-2 to HT-
5 Alloy B.  
  However, the in situ transformation of primary Cr-carbides from M7C3 to M23C3 cannot change the 
non-equilibrium condition of chemical concentration close to grain boundaries. Some of the primary 
M23C6 is expected to dissolve when there are insufficient elements for further growth, i.e. after the 
completion of M7C3 dissolution (11.6 hours). Therefore, another reduction in area fraction of primary 
Cr-carbide was found between 5 and 20 hours for Alloy B. The calculation of a dissolution time based 
on Equation 5.2 is not applied to M23C6 due to the lack of an initial particle radius. The area fraction of 
primary Cr-carbide then increases continuously from 20 hours indicating that the dissolution of M23C6 
has finished before 20 hours and that then there are only growth and coarsening of primary Cr-









Figure 5.14 Microstructural evolution of primary Cr-carbides 
 
  The fluctuation in area fraction of primary Cr-carbide only occurs due to its dissolution. In 
comparison, the area fractions of secondary Cr-carbide and primary Nb-carbide increase continuously 
from the beginning of the heat treatment. However, the coarsening rate of Nb-carbide is much smaller 
than that of the Cr-carbides since there is very little niobium left in the austenitic matrix for further 
coarsening. The insufficient solute content and slow diffusion rate of niobium in the matrix lead to the 









M23C6 Growth and Coarsening 
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  The secondary Cr-carbides precipitated from supersaturated solid solution grow rapidly at the 
expense of matrix solutes. The average precipitate size will gradually increase and the number of 
precipitates will decrease, i.e. they will coarsen. Precipitate coarsening is driven by the difference of 
solute concentrations at the precipitate-matrix interfaces. 
 
  According to the Gibbs-Thomson effect, the solute concentration at the particle/matrix interface 
varies with the curvature of the interface. This variation can be quantitatively described: 
𝐶𝑟 = 𝐶∞exp (
2𝛾𝑉𝑚
𝑅𝑇𝑟
) --- Equation 5.5 
 
where Cr is the concentration of solute at outside of the precipitate-matrix interface, C∞ is the 
equilibrium concentration of solute atoms, Vm is the molar volume of the precipitate, γ is the interfacial 










  This indicates that a smaller particle has a higher solute concentration at the precipitate-matrix 
interface. Figure 5.15 illustrates schematically the concentration profile between a small (r1) and a 
large (r2) precipitate. Cr1 and Cr2 are solute concentrations determined by Equation 5.5 at the 
precipitate-matrix interface. Cm is the mean solute concentration in the matrix. As shown in Figure 
5.15, the solute concentration at the small (more highly curved) precipitate-matrix interface is higher 
than that of the large one. Therefore, solute atoms will detach into the matrix from a small precipitate 
and then attach onto a large precipitate until the small particle disappears. There will be a critical 
particle size rc when Cr is equal to Cm and no transport of solute atoms occurs. By this process, the 
precipitates smaller than rc will dissolve and the precipitates larger than rc will coarsen. 
 
  As shown in Figure 5.10, at the beginning of heat treatment (HT-1 Alloy B), most of the precipitates 
are around 70 nm in diameter leading to quite a sharp distribution. With increase in holding time, the 
smaller precipitates continuously dissolved into the matrix while the larger precipitates coarsened. 
This makes the average precipitate size shift to a larger value and the precipitate size distribution to 
become flatter. This tendency will remain until all the precipitates achieve the critical size. 
 
  (Precipitate size)3 was plotted against (time) in Figure 5.11 (a) to determine the coarsening rate. The 
linear fit shows a slope of 3.4, which suggests that the coarsening rate K is 3.4 nm-3s-1. However, the 
linear fit is not very good and R-square is only 0.68. The fit was then restricted to Alloy B HT-1 to 
HT-40 (Figure 5.11 (b)), leading to a much better fit (R2 = 0.93) and the much larger coarsening rate of 
10.4 nm-3s-1. The coarsening rate from HT-40 Alloy B to HT-150 Alloy B has also been calculated to 
be 1.2 nm-3s-1. 
 
  A similar coarsening behaviour of Mo6C carbide at three different temperatures was found by Wey et 
al. [121] (Figure 5.15). The graph appears to be linear from the initial stage at 1373 K, but not at 1273 
K and 1173 K. The growth of carbide at 1273 and 1173 K initially takes place at a higher rate until 
several tens of hours and then it occurs at a lower rate.  
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  The theory of Ostwald ripening is based on the assumption that the solute content in the matrix is 
nearly at equilibrium; in the initial stage a longer holding time or a higher holding temperature is 
needed to fulfil this assumption. In the early stage of heat treatment, only part of the precipitates can 
be considered as coarsening while some of the precipitates are still growing. Therefore, the rate 
obtained from relatively longer holding times, HT-40 to HT-150, is the coarsening rate well described 
by Ostwald ripening. The calculated coarsening rate (8.4 nm-3s-1) of Alloy B (Table 5.10) falls 
into the same magnitude range as the coarsening rate (1.2 nm-3s-1) obtained by fitting to 
experimental measurements. The smaller coarsening rate obtained by fitting to experimental 
measurements indicates that the diffusion rates of solute elements used in the calculation 
(Table 5.9) are not accurate. Diffusion will be much slower in highly alloyed austenite 
compared with pure γ-Fe.   
 
 
Figure 5.16 A plot of the cube of average particle radius of Mo6C carbides vs heating time [121] 
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5.6.3 Creep behaviour of Alloy A and Alloy B 
 
  The creep behaviours of Alloys A and B have been compared in Section 2.4.5; Alloy B shows a 
better creep performance, i.e. a longer creep life (Figure 2.53) and a smaller minimum creep rate 
(Figure 2.54). As discussed in Section 2.4.4, in intragranular precipitation strengthened alloys like 
HP40, the microstructural parameters of the precipitates and thus the back stress obtained from the 
dislocation climb process are the key factor for the creep properties. 
  The back-stress σb is the threshold stress to overcome the interactions between dislocations and 
intragranular precipitates, bypass by climb in this case. These interactions oppose the glide of the 
dislocations, leading to a decrease in the effective applied stress on the material and, furthermore, a 
reduction in the creep rate, based on Equations 2.3 and 2.4. 
 
𝜎𝑒𝑓𝑓 = 𝜎 − 𝜎𝑏 --- Equation 2.3 




)--- Equation 2.4 
 




--- Equation 5.6 
where G is the shear modulus, b is the Burgers vector and λp is the average precipitate interspacing. 
 
The back stress contributed by climb can be considered as the same as threshold stress 







The average precipitate interspacings of Alloy A and B have been measured and are listed in Table 5.2: 
565 nm for crept Alloy A and 497 nm for crept Alloy B. The shear moduli and Burgers vectors of Alloys 
A and B, which are needed for calculations of the climb threshold stress using Equation 5.6, are listed 
in Table 5.11: 
 
Table 5.11 Calculations of climb CRSS, back stress and effective stress of Alloy A and B 
 Alloy A Alloy B 
Creep properties 
Creep life / hour 104 124 
Minimum creep rate / s-1 4.50 × 10-8 2.45 × 10-8 
Microstructural 
parameters for crept 
specimens 
Average precipitate size / nm 159 ± 58 136 ± 68 
Average precipitate 
interspacing / nm 
565 ± 66 497 ± 149 
Parameters for 
calculations 
Shear modulus / GPa [165] 45.27 45.27 
Burgers vector / nm [166] 0.25 0.25 
Calculation results 
based on Equation 
2.3, 5.6 and 5.7 
Climb threshold stress / MPa 6.41 7.29 
Back stress / MPa 6.41 7.29 





  Although the accuracy of the equations for critical shear stress are approximate, it is obvious that the 
climb threshold stress in Alloy B is much larger than that in Alloy A due to the relatively small 
precipitate interspacing. The larger threshold stress will contribute more to back stress in Alloy B. 
 
  Based on Equations 2.3 and 2.4, with the same applied stress of 40 MPa during the creep tests, there is 
a smaller effective stress and thus a smaller creep rate in Alloy B, which is in agreement with the 
minimum creep rates measured. This smaller minimum creep rate helps lead to a longer creep life for 






1. The additions of W and Nb in Alloy B suppressed the formation of carbides by reducing free carbon 
in the matrix, leading to a smaller area fraction of primary Cr-carbide (2.75 %) and primary Nb-
carbide (1.34 %) in as-cast Alloy B compared with as-cast Alloy A (3.89 % for primary Cr-carbide 
and 1.40 % for primary Nb-carbide); 
 
2. The combined effects of Ti and W led to a slower coarsening behaviour of secondary Cr-carbides in 
Alloy B than in Alloy A, which is in agreement with experimental observation, i.e., a smaller area 
fraction and a smaller average precipitate size in crept Alloy B than in crept Alloy A; 
 
3. The area fractions of primary and secondary carbides, precipitate size and interspacing of secondary 
M23C6 in heat treated Alloy B were also characterised. During heat treatment of Alloy B at 1000 oC from 
1 to 150 hours, the area fractions of primary Nb-carbide and secondary Cr-carbide and the average size 
of secondary M23C6 increases continuously from the beginning of heat treatment due to the growth and 
coarsening of precipitates;  
 
4. The combination of M7C3 dissolution, M7C3→M23C6 transformation and M23C6 growth leads to a 
fluctuation in area fraction of primary Cr-carbide up to 20 hours in heat treated Alloy B. After 20 hours, 
the area fraction of primary Cr-carbide increase continuously with a faster rate than that of primary Nb-
carbide due to the insufficient solute content and slow diffusion rate of niobium in the matrix.; 
 
5. It is the back stress exerted by the smaller precipitate size of secondary M23C6 that leads to a smaller 





Chapter 6 Effect of solidification rate on 
microstructure of HP40 (Alloy C c.f. Alloy B) 
6.1 Microstructure of as-cast Alloy C 
 
  In Chapter 5, the effect of chemical composition on microstructure of HP40 has been discussed by 
comparison between Alloy A and B. In this chapter, another effect, solidification rate, on 
microstructure of HP40 will be described based on the observations between Alloy B and C, which are 
in the same HP40 modified alloy range but produced under different solidification rate. 
  Although the actual solidification rate during production is impossible to be measured, it is definite 
that the Alloy B has a lower solidification rate than that of Alloy C due to different refractory 
compositions coated on casting moulds. 
 
  Figure 6.1 shows the microstructure of as-cast Alloy C obtained by BSE. The morphologies of primary 
Cr-carbide and primary Nb-carbide are both composed of granular and acicular types, which are similar 
to the morphologies found in Alloy B. The area fractions of primary Cr-carbide and primary Nb-carbide 
were measured and are listed in Table 6.1: 2.12 % for M7C3 and 1.80 % for NbC. As-cast Alloy C 
contains less M7C3 and more NbC as compared with as-cast Alloy B.  
 
  The dendrite cell size (DCS) and secondary dendritic arm spacing (SDAS) are widely used as 
parameter for correlating solidification rate and the microstructures. Therefore, the dendrite cell sizes 
and secondary dendritic arm spacings of as-cast Alloy B and C were measured. From Table 6.2, both of 





    
Figure 6.1 (a) low magnification and (b) high magnification BSE images obtained from as-cast Alloy 
C 
 
Table 6.1 Area fractions of various carbides in as-cast and crept Alloy B and Alloy C 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Primary Nb-carbide 
As-cast Alloy B 2.75±0.08 --- 1.34±0.11 
As-cast Alloy C 2.12±0.18 --- 1.80±0.10 
Crept Alloy B 2.82±0.51 0.86±0.12 1.34±0.10 
Crept Alloy C 2.94±0.41 0.82±0.18 1.93±0.06 
 
 
Table 6.2 Dendrite cell sizes and secondary dendritic arm spacings in as-cast Alloy B and Alloy C 
Specimen DCS / μm SDAS / μm 
As-cast Alloy B 66.62 ± 20.90 30.11 ± 5.34 






6.2 Microstructure of crept Alloy C 
 
  The microstructure of crept Alloy C (1000 ˚C and 40 MPa for 13 hours) is illustrated in Figure 6.2. 
After creep, the primary Cr-carbide transformed to M23C6 type while the primary Nb-carbide remained 
as NbC type. The primary network of chromium carbides also coalesced and enlarged during the creep 
test. The area fraction of primary Cr-carbides increased from 2.12 % to 2.94 % during creep whilst that 
of the primary Nb-carbides increased to 1.93 %. 
 
  The area fraction of secondary Cr-carbide in crept Alloy C is 0.82 %, quite close to that in crept Alloy 
B. The precipitate size and interspacing of secondary Cr-carbide (M23C6) in crept Alloy C were measured 
and compared with those in crept Alloy B. The average precipitate size in crept Alloy C is 108 nm. 
Meanwhile, a Gaussian fit was applied to the particle size distribution resulting a mean of 94 nm and a 
















Average precipitate size Gaussian mean 
Crept Alloy B 136 ± 68 nm 110 nm 497 ± 149 nm 






Figure 6.3 Particle size distributions for crept Alloy B and crept Alloy C 
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6.3 Microstructure of heat treated Alloy C 
 
  To understand the microstructural evolution during the long-term creep, heat treatments for Alloy C at 
1000 oC from 1 to 150 hours were applied, since the creep life of Alloy C at a temperature of 1000˚C 
and a stress of 40MPa is 150 hours. The detailed heat treatment process was the same as for heat treated 
Alloy B and was described in Section 3.2.   
 
    Figure 6.4 shows the BSE images obtained from heat treated Alloy C, from Alloy C HT-1 to HT-150. 
The primary carbide network has enlarged and become more globular with the increase of heat treatment 
time. Furthermore, the coalescence of the primary carbides and the nucleation and growth of more 
carbides make the carbide network more continuous. The area fraction of primary Cr-carbide increases 
continuously; after heat treating for 50 hours, the coarsening rate becomes slightly lower. The area 
fractions of Nb-carbide and secondary Cr-carbide become nearly constant for HT-100 and HT-150 after 
a significant increase from HT-1 to HT-50. 
 
  The area fractions for primary Cr-carbide, primary Nb-carbide and secondary Cr-carbide were also 
measured (Table 6.4 and Figure 6.5) while the fourth column in Table 6.5, area fraction of Cr-carbide, 
is a combination of the area fractions of the primary and secondary Cr-carbides. The area fraction of 
primary Cr-carbide fluctuates at first and then increases continuously from 20 hours to 50 hours while 
after heat treating for 50 hours, the area fraction of primary Cr-carbide decreases slightly. The area 
fraction of secondary Cr-carbide started to increase from the very beginning and increases about twice 
from 0.97 % for HT-1 to 1.76 % for HT-150, which is much smaller than for heat treated Alloy B (2.34 
%). However, the area fraction of primary Nb-carbide becomes nearly constant at around 2 % after a 












(c) HT-5 Alloy C 
HT-100 HT-150 
(d) HT-10 Alloy C 
(a) HT-1 Alloy C (b) HT-2 Alloy C 





Figure 6.4 BSE images (a)-(j) obtained from Alloy C, HT-1 to HT-150 
Table 6.4 Area fractions of various carbides in heat treated Alloy C 
Specimen 
Area fraction% 
Primary Cr-carbide Secondary Cr-carbide Cr-carbide (Total) Primary Nb-carbide 
As-cast 2.12±0.18 --- 2.12±0.18 1.80±0.10 
HT-1 1.23±0.03 0.97±0.29 2.20±0.26 1.79±0.11 
HT-2 1.35±0.06 1.06±0.24 2.41±0.30 1.86±0.08 
HT-5 1.97±0.14 1.05±0.26 3.02±0.40 1.95±0.06 
HT-10 1.86±0.05 1.21±0.35 3.07±0.30 1.95±0.07 
HT-20 1.95±0.04 1.39±0.28 3.34±0.24 1.96±0.12 
HT-30 2.53±0.12 1.39±0.26 3.92±0.14 1.99±0.11 
HT-40 2.51±0.11 1.47±0.21 3.98±0.20 1.99±0.07 
HT-50 2.60±0.13 1.54±0.38 4.14±0.25 2.00±0.12 
HT-100 2.43±0.07 1.75±0.15 4.18±0.22 1.97±0.10 
HT-150 2.42±0.28 1.76±0.47 4.18±0.19 2.00±0.11 
(g) HT-40 Alloy C (h) HT-50 Alloy C 























Figure 6.5 Area fractions of (a) Cr-carbide; (b) primary Cr-carbide, (c) secondary Cr-carbide and (d) 
primary Nb-carbide for Alloy C as a function of heat treatment time 
164 
 
  In Alloy C HT-1, HT-2 and HT-5, different contrast was observed in the BSE images of primary Cr-
carbide (Figure 6.6), illustrating the transformation of primary Cr-carbide. EBSD mapping (Figure 6.7) 
of primary Cr-carbide in HT-5 Alloy C confirms that the outside shell is M23C6 carbide and that the core 
is M7C3 type carbide. Meanwhile, the orientation mapping (Figure 6.7 (c)) illustrates that the M23C6 has 
a similar orientation with austenite matrix. 
  
     
Figure 6.6 BSE image obtained from (a) Alloy C HT-1; (b) Alloy C HT-2 and (c) Alloy C HT-5 
illustrating primary Cr-carbides with different contrast 
  
Figure 6.7 Primary Cr-carbide in HT-5 (a) SE image; (b) phase map; (c) orientation map 
(b) HT-2 Alloy C 
(a) 
(c) HT-5 Alloy C 
(b) (c) 
(a) HT-1 Alloy C 
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  A primary Cr-carbide in HT-5 Alloy C (Figure 6.8 (a)) was selected for a TEM specimen to be prepared 
via focused ion beam (FIB), as shown in Figures 6.8 (b) and (c). A TEM bright field image of the FIB-
TEM specimen cut from the selected primary Cr-carbide is shown in Figure 6.9 (a). It is clear that the 
M7C3 is covered by a shell of M23C6. An EDS line scan was carried out across the M7C3, the M23C6 and 
the austenitic matrix; the line scan direction is shown in Figure 6.9 (a). As shown in Figure 6.9 (b), the 
atomic ratio of carbon decreases from around 30 % in M7C3 to around 20 % in M23C6 while the M23C6 
contains more Fe, Cr and Ni. Furthermore, the SAD patterns obtained from the M7C3 confirm that it has 
an orthorhombic structure, as shown in Figure 6.10.  Figure 6.11 (b)-(f) are TEM EDS maps of Figure 
6.11 (a). Nb-rich particles (Figure 6.11 (b)) were found at the interface between the M23C6 and the 
matrix, similar to the observation in crept Alloy A (Figure 4.6). However, one difference from crept 
Alloy A is that a MnS particle was found as shown in Figure 6.11 (e) and (f), probably from 
contamination during casting. 
     
            
Figure 6.8 (a) BSE image of selected primary Cr-carbide in Alloy C HT-5; (b) and (c) secondary 






        
Figure 6.9 (a) BF image obtained from the FIB-TEM specimen; (b) EDS line scan from the position 
shown in (a)  
 
Figure 6.10 SAD patterns identifying the M7C3 precipitate labelled in Figure 6.11 (a); the angles 





   
Figure 6.11 (a) BF image of primary Cr-carbide in Alloy C HT-5; (b)-(f) TEM-EDS maps of (a) 
illustrating Nb-rich particles and MnS 
  In the BSE images obtained from Alloy C HT-50, 100 and 150, different contrast was observed 
around the primary carbide network, as shown in Figure 6.12 (a), indicating that new precipitates 
formed during heat treatment. EDS maps illustrate that the new precipitates are rich in Nb, Ni and Si, 
suggesting G-phase, which nucleated firstly at the interfaces between the primary carbides and the 
matrix and then grew up to several microns during long time heat treatment.  
  
   
Figure 6.12 (a) BSE image of Alloy C HT-50 (b-f) EDS maps of (a) showing micron-scale G-phase 
surrounding the primary carbides 
(a) (b) Nb C 
Cr Mn 
Cr 
Ni Si Nb 

















  The precipitate sizes of the secondary Cr-carbide in heat treated specimens were measured and are 
listed in Table 6.5. The size of the secondary Cr-carbides increased rapidly to 74 nm after only 1 hour 
heat treatment. The precipitate size fluctuates around 80 nm for HT-2, HT-5 and HT-10 Alloy C and 
then increases continuously to 148 nm after 150 hours. As shown in Figure 6.13, the precipitate size of 
Alloy C is smaller than that of Alloy B until 50 hours while the secondary Cr-carbides in Alloy C 
continue growing and become larger than those in Alloy B after 100 hours. The coarsening rate of the 
secondary Cr-carbides in Alloy C HT-1 to HT-40 is much larger than that from HT-40 to HT-150, which 
is similar to the precipitate size evolution behaviour found in Alloy B.   
 
Figure 6.13 Secondary Cr-carbide precipitate sizes in Alloys B and C as a function of heat treatment 
time at 1000 oC (scatters are shown in Table 6.5) 
 
  The precipitate size distributions for heat treated Alloy C are shown in Figure 6.14. The distributions 
for Alloy C HT-1, HT-2. HT-5 and HT-10 (FWHM ~ 65 nm) are much narrower than those for HT-
100 and HT-150 (FWHM ~ 90 nm). Meanwhile, the highest frequency in the distributions decreases 
with increasing heat treatment time, from around 0.30 for HT-1 to around 0.15 for HT-150.  
   The Gaussian fits of precipitate size distributions from Alloy B and C were compared in Figure 6.15. 
At the beginning of heat treatment, HT-1 and HT-5, Alloy C has a much narrower and sharper 








Average precipitate size Gaussian mean 
Alloy C HT-1 74 ± 42 nm 60 nm 275 ± 72 nm 
Alloy C HT-2 80 ± 40 nm 64 nm 281 ± 72 nm 
Alloy C HT-5 79 ± 42 nm 70 nm 281 ± 68 nm 
Alloy C HT-10 77 ± 40 nm 65 nm 321 ± 114 nm 
Alloy C HT-20 83 ± 39 nm 73 nm 324 ± 73 nm 
Alloy C HT-30 102 ± 50 nm 89 nm 371 ± 92 nm 
Alloy C HT-40 113 ± 47 nm 94 nm 413 ± 107 nm 
Alloy C HT-50 113 ± 56 nm 96 nm 423 ± 96 nm 
Alloy C HT-100 138 ± 65 nm 117 nm 505 ± 107 nm 




























Figure 6.14 Particle size distributions of the secondary Cr carbide obtained from HT-1 Alloy C to HT-








Figure 6.15 Gaussian fits for Alloy B and C for 1, 5, 100 and 150 hours heat treatment 
To compare the coarsening rates of Alloy B and Alloy C, the (Precipitate size)3 vs (time) are plotted in 
Figure 6.16 (a) and a linear fit applied. The linear fit shows the coarsening rate K of secondary Cr-
carbide in Alloy C is 5.6 nm-3s-1, with quite a good fit (R2 = 0.97). However, this coarsening rate is 
larger than that of Alloy B (K = 3.4 nm-3s-1) as illustrated in Table 6.6.  
A log fit was applied to (precipitate size) - (time) plot (R2=0.97), Figure 6.16 (b), indicating that the 
evolution of secondary Cr-carbide in Alloy C involves both growth and coarsening. Then the linear fit 
was applied to HT-40~HT-150 (Figure 6.16 (c)). From 40 to 150 hours, the coarsening rate of 
secondary Cr-carbides in Alloy C (4.9 nm-3s-1) is four times that of Alloy B (1.2 nm-3s-1).  
 
Table 6.6 Coarsening rates of secondary Cr-carbide in heat treated Alloy B and Alloy C 
Coarsening rate 
Secondary Cr-carbides 
HT-1 to HT-150 HT-40 to HT-150 
Alloy B 
Calculation / nm-3s-1 3.4 1.2 
R-square 0.68 0.81 
Alloy C 
Calculation / nm-3s-1 5.6 4.9 









Figure 6.16 (a) (Precipitate size)3 - (time) linear fit for Alloy C HT-1 to HT-150; (b) (Precipitate size) 
– (time) log fit for Alloy C HT-1 to HT-150 and (c) (Precipitate size)3 - (time) linear fit for Alloy C 
HT-40 to HT-150 
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6.4 DSC tests for Alloy B and Alloy C 
 
  To determine the effect of solidification on microstructure, DSC was used to simulate the solification 
process. The detailed DSC process for dynamic measurements has already been shown in Figure 3.5. 
Two cooling rates, 10 oC/min and 100 oC/min, were selected to simulate the solidification rates during 
centrifugal casting.  
 
  The DSC curves during second cycle cooling from 1530 oC to 1100 oC of Alloy B and Alloy C with 
two cooling rates are shown in Figure 6.17. A large exothermic peak was observed in all four curves 
indicating the solidifiation of γ-Fe. However, there are three exothermic peaks on slow cooling Alloy B 
(10 oC/min) and two exothermic peaks on fast cooling Alloy B (100 oC/min). In contrast, two peaks 
were found on slow cooling Alloy C (10 oC/min) while three peaks were found on fast cooling Alloy C 
(100 oC/min). The undercoolings and enthalpies were measured and are listed in Table 6.7. The 
undercoolings in both alloys became much larger with increase of cooling rate. Meanwhile, a larger 
cooling rate leads to a smaller measured enthalpy of solidification as shown in Table 6.7. 
 
Table 6.7 Undercoolings and enthalpies obtained from the DSC specimens using slow cooling and fast 
cooling of Alloy B and Alloy C 
Specimen 
Thermal properties 
Undercooling / oC Total enthalpy / 
(J/s) NbC M7C3 γ-Fe 
Alloy B 
10 oC/min 67 34 107 941.88 
100 oC/min 109 77 125 176.93 
Alloy C 
10 oC/min 71 37 96 732.66 












(c)                                                                 (d) 
 
Figure 6.17 DSC curves during second cycle cooling from 1530 oC to 1100 oC of Alloy B with cooling 




  BSE images obtained from the slowly cooled Alloy B (10 oC/min) and the quickly cooled Alloy B 
(100 oC/min) are shown in Figure 6.18 (b) and (c) respectively, and compared with as-cast Alloy B. It 
is obvious that the dendrite cell size after 10 oC/min is similar to that of as-cast Alloy B and is much 
larger than that for 100 oC/min.  BSE images obtained from the slowly cooled Alloy C (10 oC/min) 
and the quickly cooled Alloy C (100 oC/min) are shown in Figure 6.19 (b) and (c) respectively, and 
compared with as-cast Alloy C. The same relationship between cooling rates and dendrite cell size was 
found in Alloy C. The area fractions of Cr-carbide and Nb-carbide were measured and listed in Table 
6.7. However, due to the limit of specimen size, only one measurement in each specimen was taken 





Figure 6.18 BSE images obtained from (a) as-cast Alloy B (b) Alloy B with a cooling rate of 10 
oC/min and (c) Alloy B with a cooling rate of 100 oC/min  
(a) As-cast Alloy B 






   
Figure 6.19 BSE images obtained from (a) as-cast Alloy C (b) Alloy C with a cooling rate of 10 
oC/min and (c) Alloy C with a cooling rate of 100 oC/min 
 
Table 6.8 Area fractions of carbides in as-cast, slowly cooled and quickly cooled Alloy B and Alloy C 
Specimen 
Area fraction% 
 As-cast 10 oC/min 100 oC/min 
Alloy B 
Cr-carbide 2.75±0.08 0.82 3.11 
Nb-carbide 1.34±0.11 2.66 1.82 
Alloy C 
Cr-carbide 2.12±0.18 0.60 1.40 
Nb-carbide 1.80±0.10 2.61 1.98 
(c) 100 oC / min Alloy C  
(a) As-cast Alloy C 
(b) 10 oC / min Alloy C  
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6.5 Summary of results 
1. As-cast Alloy C contains less M7C3 (2.75 % vs 2.12 %) and more NbC (1.34 % vs 1.80 %) as 
compared with as-cast Alloy B. Meanwhile, as-cast Alloy C has smaller dendrite cell size and 
secondary dendritic arm spacing than as-cast Alloy B due to different solidification rates; 
2. After creep, the area fractions of primary Cr-carbide and primary Nb-carbide are both larger in crept 
Alloy C than Alloy B indicating a faster coarsening behaviour in Alloy C. Meanwhile, the average 
precipitate size of secondary Cr-carbide is smaller in crept Alloy C (108 ± 37 nm) than that in crept 
Alloy B (136 ± 68 nm); 
3. During heat treatment of Alloy C at 1000 oC for 1 to 150 hours, the area fraction of primary Cr-
carbide fluctuates at first and then increases from 20 hours and the area fraction of primary Nb-carbide 
continuously increases from the beginning of heat treatment; 
4. The average precipitate size in Alloy C is smaller than that of Alloy B up to 50 hours although the 
secondary Cr-carbides in Alloy C continue growing and become larger than those in Alloy B after 100 
hours. The linear fit shows the coarsening rate K of secondary Cr-carbide in Alloy C is 5.6 nm-3s-1, 
larger than that in Alloy B (3.4 nm-3s-1); 
5. In Alloy C HT-1, HT-2 and HT-5, different contrast was observed in the BSE images of primary Cr-
carbide. EBSD mapping and TEM analysis of primary Cr-carbide in HT-5 Alloy C confirms that the 
outside shell is M23C6 carbide and that the core is M7C3 type carbide suggesting an in situ transformation 
from M7C3 to M23C6. Meanwhile, the orientation mapping illustrates that the M23C6 has a similar 
orientation to the austenite matrix; 
6. From DSC tests with two cooling rates, 10 oC/min and 100 oC/min, the undercoolings in both alloys 
became much larger with increase of cooling rate. Meanwhile, a larger cooling rate leads to a smaller 






6.6.1 Effect of solidification rate on the microstructure of HP40 
 
As mentioned in Section 3.1, the chemical compositions of Alloys B and C fall into the same broad 
HP40 alloy range; the main difference between Alloys B and C is the solidification rate. Although the 
actual solidification rate during production is impossible to measure definitely Alloy B has a lower 
solidification rate than Alloy C due to the different refractory compositions coatings on the casting 
moulds.  
  As shown in Table 6.2, as-cast Alloy B, which was produced with a lower solidification rate, has 
larger dendrite cell size (DCS) and secondary dendrite arm spacing (SDAS) as compared with the as-
cast Alloy C. The similar inverse relationship, between solidification rate and DCS and SDAS, has 
been found empirically in casting steels and magnesium alloys and is described by the following 
equations: 
D = A ⋅ 𝑅𝑛 --- Equation 6.1 
S = B ⋅ 𝑅𝑚 --- Equation 6.2 
where R is the solidification rate, D is dendrite cell size and S is the secondary dendrite arm spacing. 
A, B, n and m are constants specific to the material. 
 
This relationship is explained by the nucleation theory presented by Flemings [70]. The energy and 








 --- Equation 6.4 
where Tm is the equilibrium melting point, Vs is the molar volume, γ is the surface energy, ΔH is the 
latent heat of solidification and ΔT is the undercooling. 
Combining Equations 6.3 and 6.4, we have 𝑟∗ =
2𝛾𝑇𝑀𝑉𝑠
∆𝐻∆𝑇
 --- Equation 6.5 
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Equation 6.5 reveals that as the undercooling ΔT increases, the critical radius of a stable nucleus will 
decrease, which makes more small nuclei survive and grow to be dendrite cells. As the undercooling 
ΔT is proportional to solidification rate, it can be deduced that with an increase of solidification rate, 
the dendrite cells will have a much smaller average size and the dendrite arm spacing will also be 
reduced. Therefore, a higher solidification rate leads to a smaller DCS and a smaller SDAS in the as-
cast Alloy C compared with as-cast Alloy B.  
 
  For the area fractions of primary Cr-carbide and Nb-carbide (Table 6.1), as-cast Alloy C contains 
more primary Nb-carbide than as-cast Alloy B. The effect of solidification rates on phase fraction 
evolution can be explained as follows. Firstly, Mitchell et al. [167] found that by varying the cooling 
rate of a 15Cr-Ni superalloy from 3 to 50 oC/min the precipitation of γʹ can be suppressed. As shown 
in Figure 6.20, a reduction of approximate 15 oC in γʹ precipitation temperature was achieved when the 
cooling rate increased from 3 oC/min to 50 oC/min. This suppression of precipitation formation 
temperature is also observed by DSC on Alloys B and C with two different cooling rates. For example, 
as shown in Figure 6.17 (c) and (d), the formation of NbC in Alloy C at 10 oC/min is 1279 oC while 
that at 100 oC/min becomes 1239 oC. As discussed in Section 4.4.1, the solubility of NbC in the 
austenitic matrix will reduce with decrease in temperature, resulting in a larger number of precipitates. 
When the material is cooled at a higher solidification rate, the precipitation temperature of NbC is 
suppressed, leading to a lower solubility. For instance, when the NbC formation temperature decreases 
from 1279 oC to 1239 oC, the solubility of NbC will reduce from 0.034 wt% to 0.023wt%. This 





Figure 6.20 Effect of undercooling in a 15Cr-Ni superalloy for cooling rates between 3 and 50 oC/min 
indicating that here the reduction of precipitation temperature is approximately 15 oC [167] 
   
  Secondarily, besides the suppression of precipitation temperature, a larger solidification rate can also 
restrain the rejection of solute atoms from the solid back into the solid-liquid interface [168]. A low 
cooling rate, however, will leave enough time for solute back diffusion, leading to a decrease in the 
precipitation fraction.  
 
  Thirdly, an increasing solidification rate can accelerate segregation of solute atoms and thus increase 
the precipitation fraction during solidification. Boccalini and Goldenstein [169] found that the 
segregation of vanadium to the residual liquid from the reaction increased with a larger cooling rate. 
This increase in segregation promotes the formation of the M2C carbide, which is rich in vanadium. 
However, Won and Thomas [170] pointed out that the effect of cooling rates on segregation and phase 








Therefore, the as-cast Alloy C, which was cooled down more quickly than Alloy B, contains a larger 
area fraction of NbC compared with that in as-cast Alloy B. The area fraction of primary Cr-carbide 
alters in the opposite sense to the primary Nb-carbide. Based on the solidification sequence (Section 
4.4.1), the primary Nb-carbide (NbC) will precipitate before the formation of primary Cr-carbide 
(M7C3). During the precipitation of NbC, the free carbon in the liquid will be attracted. Therefore, the 
more NbC precipitates, the less carbon will be left for further precipitation of M7C3. As the carbon 
content in Alloys B and C is the same (0.41 wt%), a larger amount of NbC in as-cast Alloy C leads to 
less M7C3 Cr-carbide than in as-cast Alloy B, which is in agreement with the area fraction 
measurements in the as-cast Alloys B and C (Table 6.1). 
 
  The effect of solidification rate is reflected not only in the as-cast microstructure but also on the 
evolution of precipitates during heat treatment, such as the precipitate size and coarsening rate of 
secondary Cr-carbide.  
 
  For precipitation in solids, the free energy change associated with the nucleation process will be 
different from precipitation from liquid and have the following two contributions. First, the creation of 
a volume of precipitates will cause a volume free energy reduction in ΔGv. Second, the transformed 
volume will not fit perfectly into the space originally occupied by the matrix and this gives rise to a 












  From Equations 6.3 and 6.6, with an increase of undercooling ΔT, the critical radius of a stable 
nucleus will decrease since the misfit strain energy has no relationship with the undercooling. 
Therefore, Alloy C, which has a higher solidification rate and a larger undercooling will have smaller 
precipitates than Alloy B. This is confirmed by the experimental measurements in the two alloys of 
average precipitate size and precipitate size distribution.  
 
  At the beginning of heat treatment (1 to 10 hours), Alloy C has smaller secondary Cr-carbides 
(Figure 6.13), the precipitate size distribution is much narrower than that of Alloy B and the highest 
frequency in the Alloy C distributions is larger than those in Alloy B (Figure 6.15). 
 
  After a longer heat treatment, the secondary Cr-carbide will coarsen. Secondary Cr-carbide in Alloy 
C coarsened more quickly making the average precipitate size larger than that of Alloy B after 100 
hours. During solidification, the higher cooling rate leads to a larger supersaturation [172] in Alloy C 
than in Alloy B. Based on Ostwald ripening theory, a larger supersaturation results in a faster 
coarsening rate, which is consistent with the coarsening rates measured by the linearly fitted 3.4 for 











6.6.2 Transformation from M7C3 to M23C6 in Alloy C 
 
  In Alloy C HT-1, HT-2 and HT-5, BSE images of primary Cr-carbide (Figure 6.6) and EBSD 
mapping (Figure 6.7) confirmed that the outside shell is M23C6 carbide and that the core is M7C3 type 
carbide.  
 
  Two facts suggest that the M23C6 nucleates at first over the entire interface between the matrix and 
the M7C3 and then grows into the M7C3.   
  Firstly, the orientation mapping (Figure 6.7 (c)) illustrates that the M23C6 is coherent with the 
austenite matrix. Kaneko et al. [26] found by in situ TEM observation that the M23C6 precipitates 
which nucleated on grain boundaries have a cube-cube relationship with one of the grains. This 
preference for one grain, which minimizes the activation energy for nucleation, was also confirmed by 
Hong et al. [28] in AISI 304 austenitic stainless steel. Meanwhile, subsequent carbide growth will 
proceed towards the interior of the other grain, which is not coherent with the carbide. In the case 
shown in Figure 6.7, the M23C6 was coherent with the austenite matrix and thus it should grow into the 
primary M7C3-carbide. Although a specific crystallographic relationship at the growth interface 
between M23C6 into M7C3 was observed in a high carbon Cr-W steel by Ingue and Masumoto [173], 
this relationship seems to be weak and has not been found in the current work.  
 
  Secondly, Nb-rich particles and MnS particles were found at the interface between the M23C6 and the 
matrix. Both the Nb-rich particles and the MnS particles existed before the transformation from M7C3 
to M23C6, due to their high formation temperatures. If the M23C6 grew into the austenitic matrix, the 
pre-existing Nb-rich particle and the MnS would be expected to be at the interface between the M7C3 
and M23C6. However, this assumption is opposite to the experimental observations. Therefore, the 






 The process of transformation from M23C6 to M7C3 is shown schematically in Figure 6.21. At the 
beginning of this transformation, the M23C6 nucleates at the M7C3-matrix interface due to the relatively 
high energy of the interface. The nucleated M23C6 precipitates will have a cube-cube relationship with 
the austenitic matrix. With increasing M23C6 nucleation, the M23C6 particles will cluster together and 
form a shell around the original M7C3 precipitates. As the dissolution of M7C3, which leaves enough 
free solute atoms, occurs at the same time, the M23C6 will continually grow into the M7C3 until the 
transformation completes.  
  Furthermore, since the M7C3 contains much more carbon than the M23C6, the transformation of M7C3 
to M23C6 will lead to a release of carbon atoms into the matrix. The released carbon will give a larger 
amount of secondary Cr-carbide close to the primary carbides, which is in agreement with the 













Figure 6.22 Release of carbon from the M7C3 → M23C6 transformation causing the precipitation of 
secondary M23C6 carbide close to the primary carbides 
 
  As shown in Figure 6.9 (b) and Figure 6.11, besides the difference in carbon concentration between 
M7C3 and M23C6, the M23C6 also contains more Fe, Cr and Ni. Therefore, the growth of M23C6 
carbides is controlled by the solute atom diffusion (mainly Cr diffusion). According to Zener’s 
empirical relation [174], for n (n=1,2 or 3) dimensional isotropic diffusion, the size of precipitates can 
be expressed by Equation 6.7: 
𝑟 = √2𝑛𝐷𝑡 --- Equation 6.7 
where r is the precipitate size, D is the diffusion rate and t is time. 
 
If  it is assumed that the growth is controlled by the diffusion of Cr, D in Equation 6.7 is the diffusion 




  To verify this calculated precipitate size, the equivalent size of M23C6 was measured by the method 
described in Section 5.5.3. The areas of the carbides were measured and then equivalent precipitate 
sizes deduced. The area of M7C3 and the total area were measured and their difference is the area of 





Figure 6.23 Example of measurement of carbide area in HT-5 Alloy C 
 




Measured area / µm2 Equivalent size/ µm 
Total M7C3 M23C6 Total M7C3 M23C6 
HT-1 20.29 ± 13.21 11.83 ± 8.28 8.46 ± 7.02 2.40 ± 0.83 1.8 ± 0.72 0.60 ± 0.31 
HT–3 20.59 ± 12.31 9.82 ± 7.13 10.76 ± 6.27 2.45 ± 0.76 1.65 ± 0.63 0.79 ± 0.28 
HT-5 16.75 ± 9.09 4.99 ± 3.83 11.76 ± 6.94 2.23 ± 0.63 1.17 ± 0.48 1.06 ± 0.39 
HT-7 17.15 ± 10.68 4.07 ± 3.52 13.08 ± 8.76 2.24 ± 0.68 1.05 ± 0.45 1.19 ± 0.49 
























A = πr2 
HT-5 Alloy C 
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From Table 6.9, the measured sizes of M23C6 after 1 hour is 0.60 μm, and increases to 1.36 μm after 9 
hours. Figure 6.24 illustrates the comparison of calculated M23C6 size based on Equation 6.7 (n=1,2 
and 3) and M23C6 size from experimental measurement. It is obvious that when the diffusion is one 
dimensional diffusion (n=1), the calculation and experimental measurement are in good agreement 
expect the M23C6 size after 1 hour heat treatment. This indicates that the transformation from M7C3 to 












6.6.3 Creep behaviour of Alloy B and Alloy C 
 
  The creep behaviours of Alloys B and C have been compared in Section 2.4.5; Alloy C shows a 
better creep performance, i.e. a longer creep life (Figure 2.53) and a slightly smaller minimum creep 
rate (Figure 2.54). In intragranular precipitation strengthened alloys like HP40, the microstructural 
parameters of the precipitates and thus the back stress obtained from the dislocation climb process are 
the key factor for the creep properties. As discussed in Section 5.6.3, the back-stress σb (bypass by 
climb in this case) can be calculated based on Equations 2.3, 5.6 and 5.7.  
  The average precipitate interspacings of Alloy B and C have been measured and are listed in Table 6.3: 
497 nm for crept Alloy B and 399 nm for crept Alloy C. The shear moduli and Burgers vectors of Alloys 
B and C, which are needed for calculations of the climb threshold stress using Equation 5.6, are listed 
in Table 6.10: 
 
Table 6.10 Calculations of climb CRSS, back stress and effective stress of Alloy B and C 
 Alloy B Alloy C 
Creep properties 
Creep life / hour 124 154 
Minimum creep rate / s-1 2.45 × 10-8 2.40 × 10-8 
Microstructural 
parameters for crept 
specimens 
Average precipitate size / nm 136 ± 68 108 ± 37 
Average precipitate 
interspacing / nm 
497 ± 149 399 ± 64 
Parameters for 
calculations 
Shear modulus / GPa [165] 45.27 45.27 
Burgers vector / nm [166] 0.25 0.25 
Calculation results 
based on Equation 
2.3, 5.6 and 5.7 
Climb threshold stress / MPa 7.29 9.08 
Back stress / MPa 7.29 9.08 




  It is obvious that the climb threshold stress in Alloy C is much larger than that in Alloy B due to the 
relatively small precipitate interspacing. The larger climb threshold stress will contribute more to back 
stress in Alloy C. Based on Equations 2.3 and 2.4, with the same applied stress of 40 MPa during the 
creep tests, there is a smaller effective stress and thus a smaller creep rate in Alloy C. This smaller 
minimum creep rate helps lead to a longer creep life for Alloy C (154 h) than that for Alloy B (124 h). 
  Since the microstructures of heat treated Alloy B and C have been described in Section 5.4 and 6.3, the 
evolution of back stress with increasing time, which is from the interactions between dislocations and 
secondary Cr-carbides, can be calculated. As shown in Figure 6.25, the back stress of Alloy C is larger 
than that of Alloy B until 100 hours, leading to a smaller creep rate of Alloy C. However, the back 
stresses in both alloys decrease, indicating that the intragranular strengthening mechanism loses its 
effectiveness during long exposure due to precipitation coarsening, which is in agreement with the 
progressive increase of creep rate. 
 
 




1. The higher solidification rate of Alloy C leads to a lager undercooling and thus a smaller critical 
radius of stable nucleus, which is confirmed by the smaller dendrite cell size (DCS) and secondary 
dendritic arm spacing (SDAS) in as-cast Alloy C than in as-cast Alloy B; 
 
2. The suppression of formation temperature of NbC due to the faster solidification lead to a larger 
area fraction of primary Nb-carbide in as-cast Alloy C than in as-cast Alloy B. Meanwhile, as-cast 
Alloy C contains less primary Cr-carbide since there is less carbon available for the precipitation of 
M7C3 after the formation of NbC.; 
 
3. The average precipitate size in Alloy C is smaller than that of Alloy B up to 50 hours although the 
secondary Cr-carbides in Alloy C continue growing and become larger than those in Alloy B after 100 
hours. This higher coarsening rate of secondary M23C6 in heat treated Alloy C was due to the lager 
supersaturation after the faster solidification; 
 
4. The in situ transformation of primary Cr-carbide from M7C3 to M23C6 was analysed by EBSD, TEM-
EDS and SAD patterns indicating that the M23C6 nucleates at the interface between the matrix and the 
M7C3 and then grows into the primary M7C3, which is mainly controlled by the diffusion of Cr; 
 
5. It is the larger back stress (via a dislocation-precipitate interaction) exerted by the smaller precipitates 
of secondary M23C6 that leads to a smaller creep rate and thus a longer creep life for Alloy C as compared 





Chapter 7 Microstructure-based climb-glide 
bypass creep model of HP40 
  In this study, the microstructures of Alloy A, B and C have been analysed so as to assess 
their relative creep performances. It would be useful to develop a creep model which has a 
more quantitative relationship to the microstructural features such as precipitate fraction, 
precipitate size and interspacing. The microstructure characterisations from this study can be 
applied to a microstructure-based climb-glide bypass creep model, which is illustrated in 
Appendix, to predict the creep behaviour of HP40. However, the simulated creep curves fit 
well with experimental creep curves under special conditions only. This leads to a 
reconsideration of the limits of current model and discussion of potential modified points. 
 
7.1    Background 
 
  Creep curves of pure metals and of single-phase alloys consist, in general, of the three easily 
identifiable stages of primary, secondary and tertiary creep [176]. 
  The secondary creep rate maintains a constant minimum value over most of the creep life with a 
steady state being achieved through a balance of recovery and work hardening. 
  Based on abundant experimental results, Norton [177] found that, up to a life of 10000 hours, there is 
a straight line relationship between stress and creep rate when the curves are plotted on a logarithmic 
scale. This relationship can be described as  
nA 

 --- (1) 
where 





  By including in A a term involving the activation energy of creep, equation (1) represents the creep 











A n exp'  --- (2) 
where A' is constant, Q is the activation energy of creep (roughly equal to the self-diffusion activation 
energy), k is Boltzmann’s constant and T is the temperature. 
  Equation (2) is known as the Power Law, and is the most commonly invoked constitutive law to 
describe creep behaviour. For precipitation-free materials, n generally varies from 1 to 10 [16]. 
Weertman [94] showed that n should be 4 for steady-state creep by dislocation climb. 
  Although the power law fits well for pure metals and single-phase alloys, it becomes inadequate for 
complex engineering alloys, such as nickel-based superalloys and precipitation-strengthened steels. 
The creep behaviour of such materials deviates from the power law in two main ways: 
(i) The values of n and Q are higher than those observed in pure materials: n can be above 20 and Q 
three times the expected value; 
(ii) An established steady state is rarely observed; the creep rate, after a decrease during the primary 
creep stage, progressively increases from a minimum value until fracture occurs. 
  To correct these two deviations, the concept of “back-stress” σb is invoked. The back-stress is the 
minimum stress to overcome the interactions between dislocations and precipitates, such as via 
Orowan looping, cutting and bypass by climb [109]. These interactions oppose the glide of the 
dislocations, leading to a decrease in the effective applied stress on the material. 
beff    --- (3) 
where σeff is the effective stress 
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b exp''exp)(''   --- (4) 
Threadgill and Wilshire [110] studied a two-phase copper-cobalt alloy and found that, for equation (2), 
n=5 and Q=140 kJ/mol at low stress and n=12 and Q=210 kJ/mol at high stress. However, Parker and 
Wilshire [111] applied equation (4) to the same alloy with an experimentally determined back stress 
σb, resulting in Q=110 kJ/mol and n=4 at all stresses; the self-diffusion activation energy for pure 
copper Q=115 kJ/mol. 
   
The value of σb will depend on the characterisation of the precipitate distribution and on the nature of 
the dislocation precipitate interaction. It thus will not be constant but vary with temperature, stress and 
time. For example, by introducing the time-dependent coarsening of precipitates, Dyson and McLean 
[79] established a time-dependent creep model for IN597. This approach is now known as continuum 
damage mechanics (CDM). Similar approaches have been developed by Stevens and Flewitt [109, 
123] for IN738, Williams and Cane [124] for 0.5Cr0.5Mo0.25V steel and Rosler and Arzt [120] for 
aluminium alloys and bubble-strengthened tungsten.  
 
  The above approaches (based on equation (4)) to modelling the creep behaviour of complex 
engineering alloys are generally empirical and lack physical justification of the stress exponent n and 
constant A. Furthermore, these models have no immediate quantitative relationship to microstructural 
parameters such as dislocation density, precipitate volume, precipitate size and precipitate 
interspacing. Basoalto et al. [125, 126] were the first to derive a creep equation for nickel-based 
superalloys with consideration of microstructural parameters. A refinement of this model had been 
presented by Dyson [127], which is a microstructure-based climb-glide bypass model linking 
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microstructural evolution to the creep rate. The model accounts for three previously identified changes 
in microstructure that occur during creep: 
(i) Coarsening of the precipitates based on Ostwald ripening 
(ii) A progressive increase in mobile dislocation density with accumulated creep strain 
(iii) The development of grain boundary cavities 
 
However, Coakley et al. [128] pointed out that Dyson’s model is only suitable for a unimodal particle 
size distribution while some nickel-based superalloys have a bimodal particle size distribution. 
Oruganti et al. [129, 178] presented a similar model for 9-10% Cr ferritic steels assuming that creep 
occurs by the thermally activated release of dislocations from pinning. Zhu et al. [130] made the 
spherical particles into cubic ones for CMSX-4 and introduced an effective diffusivity Deff to account 
for the dependence of creep deformation on alloy chemistry. 
 
  In the present work, Dyson’s microstructure-based climb-glide bypass model has been selected for 
the prediction of HP40’s creep behaviour for the following reasons: 
(i) The model is created via kinetic equations. Most of the parameters in this model have a physical 
justification and interpretation rather than being just empirical; 
(ii) The model contains terms to predict the microstructure evolution and its influence on creep rate 
during the whole creep process; 
(iii) The model has been applied to several nickel-based superalloys and precipitation-strengthened 
steels and it fitted well over a range of temperatures and pressures. 
Furthermore, some refinements have been included in this model in this work. 
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7.2    Model description  
7.2.1  Initial microstructural features (crept Alloy A) 
 
Figure 7.1 is a schematic illustration of the dislocation and particle microstructure being modelled:  
The material, loaded under a uniaxial tension σ, is simplified with a unimodal set of distributed 
precipitates with a volume fraction fp. 
The precipitates are assumed to be cubic with a particle size dp and an interspacing λp. 
For a constant volume fraction fp: 
 33 / pppp ddf  --- (5) 
So that  
)1/1(
3/1
 ppp fd  --- (6) 
The initial microstructural parameters (dp, λp , and fp) need to be measured. 
 






From Figure 7.2 (a), the minimum strain rate of Alloy A, at the transition from primary creep to 
secondary creep, occurs at a strain of 0.4 %. In Figure 7.2 (b), it took 12 hours to get to a strain of 0.4 
%. Therefore, the initial microstructural parameters should be obtained from the specimen crept at 
1000 oC-40 MPa for 12 hours, which was crept Alloy A in all specimens. The measurement area 
(Figure 7.3) is selected to be close to grain boundaries with a width of 2 μm for the following reasons: 
 
(i) From Figure 7.3 (a), most of intragranular precipitates are in the area of 0~2μm from grain 
boundaries indicating that this area has highest particle density; 
(ii) The particle size in the area of 0~2μm from grain boundaries is around 100 nm, which is suitable 
for dislocation-precipitate interactions. However, the size of precipitates beyond this area can be to 
several microns (particle 1 and 2 in Figure 7.3 (b)) making them difficult to act as effective obstacles 
for dislocation movement; 
(iii) Grain boundaries can be potential sites for dislocation generation during creep leading to a great 
possibility for dislocation-precipitate interactions in the area close to grain boundaries. 
The initial microstructural parameters are shown in Table 7.1. Figure 7.4 confirms that the crept Alloy 
A contains a unimodal particle distribution, which is in agreement with the assumptions of the model. 
 
Table 7.1 Initial microstructural parameters for crept Alloy A 
Microstructure features 
Particle size dp / nm Volume fraction fp / % Average interspacing λp / nm 




Figure 7.2 Alloy A (a) Strain rate as a function of strain and (b) strain at a function of time  
 
Figure 7.3 (a) BSE image and (b) TEM BF image illustrating the measurement area in crept Alloy A 
 







7.2.2  Assessment of creep deformation mechanisms 
 
In order to interpret the creep results, one must first assess the deformation mechanisms: Orowan 
looping, cutting or by-pass by climb. 





 )(  --- (7) 
where G is the shear modulus and b is the Burgers vector 




























  --- (8)  
where γAPB is the anti-phase boundary energy 







)lim(   --- (9)  
 
For Alloy A at 1000 oC the shear modulus is 47.39 GPa, the Burgers vector is 3.3×10-10 m and the 
anti-phase boundary energy is 0.2 J/m2 







Table 7.2 Calculation of critical stresses for deformation mechanisms with G=47.39 GPa, b=3.3×10-
10 m, γAPB = 0.2 J/m2, dp=159 nm, fp=21.24%, λp=92 nm and Taylor factor M=3.1 (σ=M•τ) 
Critical stresses 
Applied stress  Orowan looping  Cutting Climb 
σ / MPa τc(looping)/MPa σc(looping)/MPa τc(cutting)/MPa σc(cutting)/MPa τc(climb)/MPa σc(climb)/MPa 
40 169.99 526.97 894.80 2773.88 54.40 168.64 
 
Although the accuracy of the equations for critical shear stress are approximate, it is obvious that the 
critical shear stress for climb is much lower than that for Orowan looping or cutting, confirming that 


















7.2.3  Microstructure 
 
The dislocations are assumed to be active. In the absence of diffusion, the dislocations will start to 
glide until the nearest particle is reached. At a test temperature greater than half the melting 
temperature (0.5 Tm is 973 K while the creep test temperature is 1273 K ), the dislocations can climb 
along the particle/matrix interface. Consider the dislocations interacting with particle 1 in Figure 7.1. 
The slip plane/particle geometry dictates the direction of climb and the need for an associated coupled 
glide. The local climb force is such that the dislocations climb by vacancy absorption --- symbol ‘a’ on 
particle 1. The dislocation then climbs along the matrix/particle interface until it is in a position to 
glide further within the matrix. After being stopped at particle 2, climb occurs again, this time by 
vacancy emission --- symbol ‘e’ on particle 2. Under uniaxial stress, these absorptions/emissions 
would be reversed. On average, the number of ‘a’ and ‘e’ types of climb will be equal. 
7.2.4  Estimation of shear strain rate 
 
According to Orowan’s equation, the microscopic creep shear strain rate 

 is related to the mobile 
gliding dislocation density ρg: 
ggvb 

 --- (10) 
where b is the Burgers vector and vg is the glide velocity. 
For precipitation-strengthened alloys deforming via climb-bypass, only the matrix will be sheared; the 
particles deform elastically only. Therefore, the equation can be modified by limiting the deformation 
to the matrix. 
ggg vbf  )1( 

 --- (11) 
At elevated temperature, fg, b and vg can be considered as constant. Attention must therefore be paid to 
the gliding dislocation density ρg. 
203 
 
The total mobile dislocation density ρm is divided between that gliding within the matrix ρg and that 
climbing along the matrix/particle interface ρc. Thus 
cgm    --- (12) 
As ρm is constant in equation (12), the probability of climbing dislocations’ escape (“C” in Figure 7.6) 
from matrix/particle interface into the matrix (ρc ↓) will increase the number of gliding dislocations (ρg 
↑). Meanwhile, the gliding dislocations can be trapped by particles (“A” in Figure 7.6) leading to a 
decrease of the number of gliding dislocations.  
 
Figure 7.6 Dislocation movement during creep 














 are the rates of increase and decrease of gliding dislocation density, respectively. 
The climbing dislocation density in contact with the particles is ρcfp. A fraction b/(dp/2) will be in a 









 --- (14)  
The rate at which gliding dislocations are trapped depends on the time required for a gliding 

























 --- (16) 





























































 --- (17) 






































































, i.e. for precipitation-strengthened alloy, the glide rate within the 
matrix is fast and the shear strain rate is controlled by the rate at which climbing dislocations escape 














 --- (19) 




3/12  --- (20) 
The climb escape frequency now needs to be estimated. 
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7.2.5  Climb frequency Γe 
 
Since climb occurs by migration of jogs along the dislocations, the frequency Γe is expected to be 
given by a vacancy emission process. Climb occurs by migration of jogs on the dislocation line 






  --- (21) 
where the second subscript ‘e’ refers to vacancy emission, cj is the jog density, n is the density of 
locations where vacancies can emit or absorb, v is the Debye frequency, ΔE is the activation energy 
and ΔW is the work done by movement of the dislocations.  
pbbW    --- (22) 
Since the mass transport during this process will be effected by vacancy flow, the rate of climb can be 






  --- (23) 









  --- (24) 









  --- (25) 





































 --- (27) 
The shear strain can then be transferred to tensile strain rate (creep rate) 
7.2.6  Estimation of tensile strain rate 
 
For a polycrystal material under uniaxial tension, the Taylor factor must be included. The tensile strain 













 --- (28) 
where M is the Taylor factor (M = 3.1 for fcc crystal) 
 
For material held at a certain temperature, such as 1000 oC, the precipitate volume fraction and 








 --- (29) 
where vjppp DcfffMA )1/1)(1(2
3/11    
      pp bMkT 
2/  
Equation (29) is only for the case of a stable microstructure without consideration of change of 




7.2.7  Modified tensile strain rate based on microstructure evolution 
 
The microstructure of precipitation-strengthened material is not stable at elevated temperature. The 
model can be modified to account for the following microstructure evolution during service. 
 
(i) As inelastic strain accumulates, dislocation source will be activated leading to a progressive 






 --- (30) 
Based on a empirical equation for the evolution rate of dislocations,  

 CId  --- (31) 
 
(ii) The particles will coarsen during service. As particle size increase, there will be an increase of 
interspacing λp. This leads to a decrease in σp (Equation 29) by a factor (1-Ip). Assuming Ostwald 





1  --- (32) 
For Ostwald ripening law 
tRTQKdd ppo )/exp(























 --- (35) 
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p   --- (38) 
 
 
(iii) In precipitation-strengthened alloy, the applied stress should be replaced by σeff 
beff    --- (39) 
Where σ is applied stress and σb is back stress. 

















 --- (40) 
where E is the Young’s modulus and 











  --- (41) 
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7.3    Application of the model 
7.3.1  Application of the model to Alloy A 
 
The first step to apply the current model on Alloy A is to estimate the various physical and 
microstructural constants, which are listed in Table 7.3.  
 






Young’s modulus E Burgers vector b 
Dislocation 
density ρm 
40 MPa 1273 k 3.1 117.7 GPa 2.5×10-10 m 1010 m-2 
Jog 
density cj 
Diffusivity rate Dv 
Coarsening 
rate 
Particle size dp Interspacing λp 
Volume 
fraction fp 
1 1.58×10-15 m2/s 3.4×10-27 m3/s 159 nm 92 nm 21.24 % 
 
Some of the constants and parameters, such as coarsening rate and particle size, are from experimental 
measurements. Others, like dislocation density and jog density, are uncertain and pre-set. 
Figure 7.7 shows the comparison of simulated (red line) and experimental (black line) creep curves for 
Alloy A at 1000 oC and 40 MPa. The simulated creep curve shows a much shorter creep life, which 
creep strain reaches 20 % at 3 hours. As current model is sensitive to microstructural features, to 
explain such a difference between simulated and experimental creep curves, consideration needs to be 






From Figure 7.8, it is important to note that the volume fractions for each measurement can vary from 
10 % to 45 %. Therefore, the average value of volume fraction 21.24% is not suitable to represent 
each measurement area. To find out the influence of volume fraction on current model, further 
predictions are made in function of volume fraction (Figure 7.9). 
 
 

















Figure 7.9 Simulated creep curves in function of volume fraction 
 
In Figure 7.9, simulated creep curves show similar shapes, but only the simulated creep curve with 
volume fraction of 0.45 fits well compared with experimental creep curve. This leads to a 
reconsideration of the accuracy of volume fraction measurement and discussion of the limits of current 
model.  
Another problem for current simulation result is that, if we assume the volume fraction is 0.45, the 
simulated result shows a slower strain rate after about 75 hours, which is the tertiary creep stage. This 
is probably due to lack of involvement of cavity growth, which is a general damage mechanism in 




7.3.2  Application of the model to Alloy B and Alloy C 
 
  The same model was applied to Alloy B and Alloy C. All the physical constants for Alloy B and 
Alloy C were the same as for Alloy A. The microstructural parameters used for the three alloys were 
all obtained from crept specimens and are listed in Table 7.4. As discussed above, only the simulated 
creep curve for a precipitate volume fraction of 0.45 fits well compared with experiment; the volume 
fractions of precipitates for Alloy B and Alloy C are controlled to be 0.45. Therefore, the only 
difference among the three alloys for model application is the microstructural parameter, i.e., 
precipitate size of secondary Cr-carbide. 
 
  Figure 7.10 shows comparisons of simulated (red line) and experimental (black line) creep curves for 
the three alloys at 1000 oC and 40 MPa. Simulated creep curves for the three alloys have similar 
shapes and only fit well with experimental creep curves before the tertiary stages. Furthermore, with a 
decrease of precipitate size, the creep life in the simulated creep curves increases (Figure 7.10 (d)), in 
agreement with the experimental results (Figure 2.57), which can be explained as the larger back stress 
obtained from a smaller precipitate size. 
 
Table 7.4 Microstructural parameters for simulation 
Specimens 
Microstructural parameters 
Precipitate size / nm Volume fraction / % 
Crept Alloy A 159 
45 Crept Alloy B 136 








(a)                                                                              (b) 
 
 
(c)                                                                                  (d) 
Figure 7.10 Simulated and experimental creep curves for (a) Alloy A, (b) Alloy B and (c) Alloy C; (d) 





7.4    Limitations and potential modified points 
 
(i) Microstructural definition:  
The microstructural definition in original model is for nickel-based superalloys, which contain a 
uniform distribution of precipitates and a constant volume fraction. However, in HP40 stainless steel, 
the distribution of secondary Cr-carbide varies within grains leading to a non-uniform distribution. As 
mentioned above, the volume fraction of secondary Cr-carbide can vary from 0.1 to 0.45. The role of 
primary carbides which are of also intragranular type is not taken into consideration in this model. A 
finer definition of microstructure is needed to be done. 
 
(ii) Precipitation evolution: 
The current model considers the evolution of precipitation as Ostwald ripening with a constant 
coarsening rate. The Ostwald ripening (or LSW theory) has its limits and can only be applied in 
specific cases. As discussed in Chapter 5.4, the evolution of secondary Cr-carbide contains not only 
coarsening but also growth of precipitates during service. The nucleation and growth of precipitates 
shall a faster rate than the rate of coarsening and need to be involved to refine current model. 
 
(iii) Grain boundary cavity during tertiary creep stage: 
During the tertiary creep stage, the nucleation and growth of cavity on grain boundary will lead to a 
rapid increase of creep strain rate. The current model does not include the damage caused by cavity 
during tertiary creep stage. Furthermore, the role of nucleation and growth of cavity should be 




7.5    Conclusions 
1. A microstructure-based climb-glide bypass creep model, which has a quantitative relationship to the 
microstructural features, was described. Microstructure parameters determined in this study, such as 
precipitate size and interspacing, were applied in this model to predict the creep behaviour of HP40; 
 
2. Comparison of simulated and experimental creep curves for Alloy A (at 1000 oC and 40 MPa) 
illustrates that the simulated creep curve shows a much shorter creep life; creep strain reaches 20 % at 
3 hours. As the current model is sensitive to microstructural features, to explain such a difference 
between simulated and experimental creep curves, consideration needs to be paid to the pre-set 
microstructural parameters, such as the volume fraction of the precipitates; 
 
3. Simulated creep curves with different volume fractions of precipitates show similar shapes, but only 
the simulated creep curve with a volume fraction of 0.45 fits well to the experimental creep curve. For 
the tertiary creep stage, the simulated result shows a much slower strain rate than the experimental 
one, which is due to not taking grain boundary cavitation into consideration; 
 
4. With a decrease of precipitate size from Alloy A to Alloy C, the creep life in the simulated creep 
curves increases, in agreement with the experimental results, which can be explained via the larger 
back stress obtained from a smaller precipitate size;  
 
5. Since the simulated creep curves fit well with experimental creep curves under special conditions 
only, the current model has its limitations and needs modifications including microstructural definition, 




Chapter 8 Summary of conclusions and 




Microstructural characterisdation of HP40 (Alloy A) 
1. During casting of HP40, austenite is the first to solidify from the liquid and forms primary dendrite 
cells followed by the precipitation of NbC and eutectic reaction L → γ + 𝑀7𝐶3. This solidification 
sequence leads to the as-cast microstructure of Alloy A, which contains austenitic matrix and a 
primary precipitation network (primary Cr-carbides (M7C3) and primary Nb-carbides (NbC)); 
 
2. In crept Alloy A, the primary Cr-carbides transformed from metastable M7C3 to stable M23C6 to 
reduce the system free energy. G-phase, which is likely transformed from NbC, was observed in crept 
Alloy A at the interface between the primary Cr-carbide and the matrix due to the instability of the 
NbC. Area fractions of primary Cr-carbides and primary Nb-carbides both increased after creep due to 
the growth of precipitates; 
 
3. After creep, secondary precipitation was observed within the matrix due to the supersaturation of 
the matrix solid solution, which are identified as secondary Cr-carbides (M23C6) and fine particles 
(NbN). The microstructural parameters of secondary Cr-carbides (M23C6) were measured, i.e. the 
precipitate size distribution of secondary Cr-carbides (M23C6) shows a unimodal distribution with a 




4. In HT-12 Alloy A (without stress), the area fractions of various carbides and the average precipitate 
size of secondary Cr-carbides are both smaller than those of crept Alloy A (with stress), indicating that 
the stress can enhance the coarsening of precipitate by accelerating the diffusion coefficient (distortion 
of the crystal symmetry and reduction of diffusion activation) and providing easier diffusion paths 
(increase of dislocation density); 
 
Effect of chemical composition on microstructure of HP40 (Alloy B c.f. Alloy A) 
5. The additions of W and Nb in Alloy B suppressed the formation of carbides by reducing free carbon 
in the matrix, leading to a smaller area fraction of primary Cr-carbide (2.75 %) and primary Nb-
carbide (1.34 %) in as-cast Alloy B compared with as-cast Alloy A (3.89 % for primary Cr-carbide 
and 1.40 % for primary Nb-carbide); 
 
6. The combined effects of Ti and W led to a slower coarsening behaviour of secondary Cr-carbides in 
Alloy B than in Alloy A, which is in agreement with experimental observation, i.e., a smaller area 
fraction and a smaller average precipitate size in crept Alloy B than in crept Alloy A; 
 
7. The area fractions of primary and secondary carbides, precipitate size and interspacing of secondary 
M23C6 in heat treated Alloy B were also characterised. During heat treatment of Alloy B at 1000 oC from 
1 to 150 hours, the area fractions of primary Nb-carbide and secondary Cr-carbide and the average size 
of secondary M23C6 increases continuously from the beginning of heat treatment due to the growth and 
coarsening of precipitates;  
 
8. The combination of M7C3 dissolution, M7C3→M23C6 transformation and M23C6 growth leads to a 
fluctuation in area fraction of primary Cr-carbide up to 20 hours in heat treated Alloy B. After 20 hours, 
the area fraction of primary Cr-carbide increase continuously with a faster rate than that of primary Nb-
carbide due to the insufficient solute content and slow diffusion rate of niobium in the matrix.; 
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Effect of solidification rate on microstructure of HP40 (Alloy C c.f. Alloy B) 
9. The higher solidification rate of Alloy C leads to a lager undercooling and thus a smaller critical 
radius of stable nucleus, which is confirmed by the smaller dendrite cell size (DCS) and secondary 
dendritic arm spacing (SDAS) in as-cast Alloy C than in as-cast Alloy B; 
 
10. The suppression of formation temperature of NbC due to the faster solidification lead to a larger 
area fraction of primary Nb-carbide in as-cast Alloy C than in as-cast Alloy B. Meanwhile, as-cast 
Alloy C contains less primary Cr-carbide since there is less carbon available for the precipitation of 
M7C3 after the formation of NbC.; 
 
11. The average precipitate size in Alloy C is smaller than that of Alloy B up to 50 hours although the 
secondary Cr-carbides in Alloy C continue growing and become larger than those in Alloy B after 100 
hours. This higher coarsening rate of secondary M23C6 in heat treated Alloy C was due to the lager 
supersaturation after the faster solidification; 
 
12. The in situ transformation of primary Cr-carbide from M7C3 to M23C6 was analysed by EBSD, TEM-
EDS and SAD patterns indicating that the M23C6 nucleates at the interface between the matrix and the 
M7C3 and then grows into the primary M7C3, which is mainly controlled by the diffusion of Cr; 
 
13. It is the larger back stress (exerted by dislocation-precipitate interaction) exerted by the smaller 
precipitates of secondary M23C6 that leads to a smaller creep rate and thus a longer creep life for Alloy 
B and Alloy C compared with Alloy A, which is in agreement with observations obtained from creep 





Microstructure-based climb-glide bypass creep model of HP40 
14. A microstructure-based climb-glide bypass creep model, which has a quantitative relationship to 
the microstructural features, was described. Microstructure parameters determined in this study, such 
as precipitate size and interspacing, were applied in this model to predict the creep behaviour of HP40; 
 
15. Comparison of simulated and experimental creep curves for Alloy A (at 1000 oC and 40 MPa) 
illustrates that the simulated creep curve shows a much shorter creep life; creep strain reaches 20 % at 
3 hours. As the current model is sensitive to microstructural features, to explain such a difference 
between simulated and experimental creep curves, consideration needs to be paid to the pre-set 
microstructural parameters, such as the volume fraction of the precipitates; 
 
16. Simulated creep curves with different volume fractions of precipitates show similar shapes, but 
only the simulated creep curve with a volume fraction of 0.45 fits well to the experimental creep 
curve. For the tertiary creep stage, the simulated result shows a much slower strain rate than the 
experimental one, which is due to not taking grain boundary cavitation into consideration; 
 
17. With a decrease of precipitate size, the creep life in the simulated creep curves increases, in 
agreement with the experimental results, which can be explained via the larger back stress obtained 
from a smaller precipitate size;  
 
18. Since the simulated creep curves fit well with experimental creep curves under special conditions 
only, the current model has its limitations and needs modifications including microstructural definition, 





8.2 Suggestions for future work 
 
1. Since Alloy C has the best creep resistance of the alloys in this project, it is necessary to 
characterise further the microstructure of Alloy C at different temperatures and stresses, in order to 
study more systematically the microstructural evolution of HP40 under steam reforming service 
conditions; 
 
2. Modifications need to be made for current microstructure-based climb-glide bypass creep model, 
including microstructural definition, precipitation evolution and grain boundary cavity during tertiary 
creep stage, to accurately predict the creep behaviour of HP40 and suggest directions of further 
modifications to HP40; 
 
3. With further requirements from the steam reforming process, the effort to improve HP40 creep 
properties has been progressing for 70 years and will no doubt keep moving forward. It is required to 
develop a next generation HP40 alloy, ‘Alloy D’, with optimised creep performance. In order to 
achieve a better creep resistance, Alloy D should have a larger content of molybdenum or tungsten to 
delay the coarsening of secondary Cr-carbide and a higher solidification rate to refine the as-cast 







Appendix Code via Fortran 
 
!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!! 
!  Define various parameters ! 
!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!!! 
   Real*8 e                         ! strain 
   Real*8 e_dot                  ! strain rate (epsilon_dot) in Eq. (2a) 
   Real*8 e_dot_0              ! strain rate coefficient (epsilon_dot_0) in Eq. (2a) 
   Real*8 D_d                     ! damage variable in Eq. (2a) 
   Real*8 sigma                   ! applied stress (sigma) in Eq. (2a) 
   Real*8 H                         ! normalised back stress (H=sigma_b/sigma) in Eq. (2a) 
   Real*8 sigma_0               ! isotropic strength parameter (sigma_0) in Eq. (2a) 
   Real*8 D_p                     ! damage state variable in Eq. (2a) 
 
   Real*8 H_dot                  ! H rate (H_dot) in Eq. (2b) 
   Real*8 h_p                      ! coefficient related with E and phi_p (h) in Eq. (2b) 
   Real*8 H_star                 ! coefficient related with phi_p (H*) in Eq. (2b) 
    
   Real*8 D_d_dot              ! rate of D_d in Eq. (2c) 
   Real*8 C                         ! constant in Eq. (2c) 
    
   Real*8 D_p_dot               ! rate of D_p in Eq. (2d) 
   Real*8 K_p                      ! kinetic rate constant K_p in Eq. (2d) 
    
   Real*8 rho_i                    ! dislocation density (rho_i) in Eq. for e_dot_0 
   Real*8 phi_p                    ! gamma_prime volume fraction (phi_p) in Eq. for e_dot_0 
   Real*8 M_bar                  ! mean Taylor factor (M_bar) in Eq. for e_dot_0 
   Real*8 pai                        ! constant pai = 3.14 
   Real*8 c_j                        ! jog density (c_j) in Eq. for e_dot_0 
   Real*8 D_v                       ! volume diffusivity (D_v) in Eq. for e_dot_0 
   Real*8 e_dot_0_p            ! strain rate coefficient (epsilon_dot_0_prime) in Eq. for e_dot_0 
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   Real*8 Q_dj                      ! activation energy (Q_d,j) in Eq. for e_dot_0 
   Real*8 R                           ! gas constant 
   Real*8 Temp                     ! temperature 
   Real*8 K_CF                     ! constraint factor (K_CF) in Eq. for e_dot_0, (K_CF=1 for phi_p<0.3) in 
Eq. for sigma_0 
   Real*8 k_boltz                  ! boltzmann constant 
   Real*8 b_vec                    ! burger's vector in Eq. for sigma_0 
   Real*8 lambda_p               ! inter-partical (surface to surface) spacing (lambda_p) in Eq. for sigma_0 
   Real*8 E_Ymod                  ! Young's modulus (E) in Eq. for h_p 
 
   Real*8 time                        ! time   
   Real*8 delta_t                    ! time step 
   
     integer i,j,k, iteration 
!      Real*8 double_contracted 
!!!!!!!!!!!!!!!!!!!!!!!!!!!!!! 
! Values of parameters   ! 
!!!!!!!!!!!!!!!!!!!!!!!!!!!!!! 
phi_p=0.45            ! from experimental results 
 
E_Ymod=135.3E9                  ! Young's modulus from JMat Pro simulation 
 
K_CF=1.71                    ! phi_p=0.217<0.3 
 
sigma=40E6           ! applied stress sigma=40MPa from creep test condition 
 
sigma_0=20.63E6         ! sigma_0=20.63MPa 
 
Q_dj=300E3             ! Q_dj=300kJ/mol activation energy 
 




Temp=1273                ! creep temperature 
 
C=67                       ! constant 
 
K_p=3.7E-5              ! kinetic rate constant 
 
e=0                           ! boundary condition 
 
H=0                     ! boundary condition 
 
D_d=0                 ! boundary condition 
 
D_p=0                 ! boundary conditionn 
 
!H_star=2*phi_p/(1+2*phi_p)    ! Eq. for H_star 
H_star=0.474 
 
!h_p=E_Ymod*phi_p                           ! Eq. for h_p 
h_p=60.89E9 
 
!e_dot_0=e_dot_0_p*exp(-Q_dj/R/Temp)      ! Eq. for e_dot_0  
e_dot_0=1.97E-8 
 
e_dot=e_dot_0*(1+D_d)*sinh(sigma*(1-H)/sigma_0/(1-D_p))      ! Eq. (2a) 
 
H_dot=h_p/sigma*(1-H/H_star)*e_dot      ! Eq. (2b) 
 
D_d_dot=C*e_dot              ! Eq. (2c) 
 








    write(*,*)'time:', time 
    write(*,*)'nomalised back stress (H):', H 
    write(*,*)'strain (e):', e 
    write(*,*)'D_d:', D_d  
    write(*,*)'D_p:', D_p 
    write(*,*)'e_dot_p:',e_dot_0_p  
    write(*,*)'back stress rate (H_dot):', H_dot 
    write(*,*)'strain rate (e_dot):', e_dot  
      write(*,*)'D_d_dot:',D_d_dot  
      write(*,*)'D_p_dot:',D_p_dot 
    write(*,*)'------------------------------------','-----------' 
 
  open (unit=10, file='strain-2.txt')           ! output file strain-2.txt 
  write (10, *)    '    time                strain   b_stress' 
   write (10, *)  time, e, H  
    
!      do while (time<(3600*500))       
       do while (time<3600*500) 
        
       time=time+delta_t 
               
        H=H+H_dot*delta_t       ! new H value from previous time step 
        
        e=e+e_dot*delta_t                    ! new e value from previous time step 
 
        D_d=D_d+D_d_dot*delta_t         ! new D_d value from previous time step 
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        D_p=D_p+D_p_dot*delta_t          ! new D_p value from previous time step 
        e_dot=e_dot_0*(1+D_d)*sinh(sigma*(1-H)/sigma_0/(1-D_p))     ! new e_dot value in Eq. (2a) 
         H_dot=h_p/sigma*(1-H/H_star)*e_dot    ! new H_dot value in Eq. (2b) 
        D_d_dot=C*e_dot              ! new D_d_dot value in Eq. (2c) 
        D_p_dot=K_p/3*(1-D_p)**4      ! new D_p_dot value in Eq. (2d) 
 
       if (abs(time/3600-nint(time/3600))<0.00001) then     ! output data very 1 hour 
        write (10,*)   time/3600, e, H 
       endif 
 !open (unit=11, file='strain-2.txt') 
   !    write (11,*)  'time', 'strain' 
  !open (unit=11, file='creep_strain.txt') 
     !  write (11, *)  time, e 
        
!    write(*,*)'time:', time 
!    write(*,*)'nomalised back stress (H):', H 
!    write(*,*)'strain (e):', e 
!    write(*,*)'D_d:',D_d  
!    write(*,*)'D_p:',D_p  
!    write(*,*)'back stress rate (H_dot):', H_dot 
!    write(*,*)'strain rate (e_dot):', e_dot  
!      write(*,*)'D_d_dot:',D_d_dot  
!      write(*,*)'D_p_dot:',D_p_dot 
!    write(*,*)'------------------------------------','-----------' 
      enddo 
 
    write(*,*)'Check','the results now! 
!!!!!!!!!!!!!!!!!!!!!!! 
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